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ABSTRACT 
 
Polymer-based multilayer nanocomposites have become favorable material choice for 
many applications such as gas barriers, water membranes, optoelectronic devices, biosensors, 
corrosion inhibitors and energy devices. They are finding their ways as a replacement of traditional 
metal, silicon oxides and hard inorganic coatings. The present work is dedicated to addressing the 
fabrication of new polymer flexible nanocomposites and their mechanical response against normal 
and lateral deformation modes, known as nanoindentation and nanoscratch. Particularly, the 
scratch resistance of these nanocomposites is critical for many applications.  
Little is known in the literature about their nanomechanics, hence reliability and durability 
for long-term applications. Better understanding of the nanomechanics and nanotribology of 2D 
multilayered thin films and 3D multilayered structures was achieved in this thesis through a series 
of different experiments using low and high load nanoindentation, nanoscratch and flat-punch 
compression. Complementary computational modeling supported the experimental findings and 
further explains their nano- and micromechanical behaviors. 
Based on the findings of these nanomechanical experiments, functional multilayered 
polymeric coatings consisting of different arrangements of polymers, graphene oxide and clay 
were found to be potential material choices for a range of different applications such as low-friction 
tribological coatings, vapor/gas barriers and self-healing coatings. Furthermore, 3D 
silicon/polymer structures specifically under extreme deformation were found to be a potential 
candidate for wearable electronics and flexible microelectromechanical systems (MEMS) sensors 
due to the resilient and elastic behavior driven by the geometry-dependent deformation of these 
structures.  
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The last part discusses the development of a new material pertaining to the development of 
nanocomposites. On the quest of continuous search of 2D materials, which can act as 
reinforcements, a new material, Aluminum diboride (AlB2) flakes, was introduced and discussed. 
High aspect ratio AlB2 flakes is a potential reinforcement for conductive polymer nanocomposites 
due to the metallic conductivity in the axis parallel to the basal hexagonal plane. 
In summary, the findings above focused on the mechanics and tribology of nanocomposites 
at the nanoscale mainly for gas barrier applications and MEMS devices. However, the knowledge 
can also be extended to other devices such as energy harvesting devices and membranes where 
tribology issues at the nanoscale are of important concerns. 
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1 INTRODUCTION AND LITERATURE REVIEW 
 
1.1 Introduction to multilayers nanocomposites   
Polymer-based Multilayered nanocomposites (PNC) have the advantage of being tunable 
and versatile to meet the need for functional-specific applications. The trend for these 
nanocomposites is moving towards scalable and cost effective material fabrication.1 Multilayered 
nanocomposites can be divided to different subcategories depending on the application, materials 
and mechanical properties. Herein, in this thesis, we adopt two main classification: 2D and 3D 
nanocomposites based on their arrangement or assembly methods. (see Figure 1.1).  
	
	
Figure 1.1 The classification adopted in this study for nanocomposites based on their 
arrangements. 
	
Nowadays, polymer-based multilayer nanocomposites have become favorable material 
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choice for many applications such as filled rubber tires, food packaging, flexible electronics and 
stretchable energy storages due to the unique characteristics of combining two or more materials. 
These hybrid materials usually consist of a polymer as a matrix and reinforcement such as silicon, 
clay or graphene oxide (GO). These reinforcements typically are nano-sized components to take 
advantage of size effect of nanoscale objects. Successfully, polymer matrices in the literature were 
reinforced with different inorganic and organic fillers.2 Some examples where the polymer 
nanocomposites were successfully introduced are filled rubber tires, food packaging, flexible 
electronics and bioelectronics.	2–4	
      
1.2 The nanoeffect of PNC 
The improved physical properties of PNC are due to the reduced size or dimensions of the 
fillers to the nanoscale, which are several orders of magnitudes smaller than conventional 
macroparticles. The surface area to volume is highly increased, when the particle size is reduced. 
The higher surface area leads to a higher interfacial volume between the matrix and the filler. Three 
different morphologies of nanoparticles or fillers are typically introduced on nanocomposites: 
spheres (zero-dimensional object), rods (one-dimensional object) and plates (two-dimensional 
object). Each nanofiller leads to different aspect ratio. It is worth to mention that the volume ratio 
of interface to particle changes dramatically between spheres and plates as the size of the 
nanoparticle is reduced. Different applications tend to require different aspect ratios. Here, we 
focused on plates as a reinforcement as the targeted applications such as gas barriers necessitate 
very low inverse aspect ratio (h/2r) or high aspect ratio (2r/h).  
The properties of polymers are function of their chains’ sizes. This is measured using the 
radius of gyration (Rg). Rg is in the order of 3-30 nm. Therefore, to achieve effective reinforcement, 
the size of the particles needs to be made in relative to the size of the polymer chains.5 The smaller 
  3 
the particles, the larger the interface between the polymer and the particle. This results into a higher 
load transfer between the matrix and reinforcement leading to improved mechanical properties.6  
1.3 2D PNC assembled using LbL  
There are huge improvements in the physical and mechanical properties of polymers due 
to the incorporation of cost-effective low concentration (few vol%) of nanoscale fillers. Such 
improvements have inspired academic and industrial researchers alike. For example, researchers 
at Toyota Central Research showed how the modulus of nylon-6 rubber can be improved by a 
factor of 3 by incorporating 5 vol% of exfoliated montmorillonite (MMT) clay nanosheets.7 These 
successful demonstrations turned PNC into billion-dollar global industry making different 
products such as automobile parts, flame retardants, packaging and protective coatings. 
Two-dimensional (2D) Multilayer thin films can be synthesized using many techniques 
such as solvent casting, painting, spray processing, printing, spin coating, floating technique, 
pulsed laser deposition technique, and layer-by-layer (LbL) assembly. Compared to other 
techniques, the synthesis of polymer based nanocomposites using LbL technique is advantageous 
because it is simpler due to its flexible water-based process. This have resulted in a cheap and 
scalable technique, which made it possible to deposit different co-polymers and nanoplatelets such 
as inorganic clays and graphene. Different arrangements including bilayers and quadlayers of 
polymer-clay, polymer-graphene and polymer-polymer can be produced.  
1.4 3D PNC assembled using Compressive Buckling  
There is growing need to develop three-dimensional (3D) electronics devices due to either 
a requirement imposed by the application or a as a route to improve the efficiency of current 2D 
nanocomposites. For example, biology is inherently 3D designs. Therefore, to successfully 
integrate a technology with life or to mimic the nature designs, we often need to fabricate 3D 
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electronics that meets the complexity of nature 3D designs. Also, currently, the efficiency of 
devices is improved through the optimization of the used material. However, there is a limitation 
to this route or an imposed higher cost due to using fancy materials. Popping the design of 
electronics from 2D to 3D provides additional material space to continue to improve the efficiency 
of these devices through the optimization of geometry and thickness/scale of materials. For 
example, 3D microelectromechanical systems (MEMS) offer vastly improved bandwidth and 
frequency tunability over conventional 2D MEMS structures, such as cantilevered beams and 
doubly clamped bridges.8 For example, there are many advantages of creating 3D structures from 
2D graphene nanoscale material, which serves as the building block. Such structures enabled novel 
functionalities, which are not achievable with 2D planar materials.9  
Traditionally, the mechanics play a role in the optimization and improvement of fabrication 
process. In other words, as discussed previously in section 1.3, the nanomechanical experiments 
can be used to better understand how 2D multilayer PNC behave under normal and lateral loadings. 
Recently, the role of mechanics expanded to manufacturing as an approach to make new class of 
materials.10 This is often called mechanics-driven manufacturing. In addition, instabilities and 
failures are typically viewed as threats to the durability of the material under real-life applications. 
Here, instead, compressive buckling is used as a route to fabricate 3D materials.   
Differently to 2D PNC discussed in 1.3, complex microscale three-dimensional (3D) 
silicon kirigami architectures are manufactured using patterning cuts on 2D thin layers of silicon 
and photodefinable epoxy (SU8) deposited on elastomer substrates. Pattern cuts are defined in a 
way to reduce stresses and enhance flexibility (in certain orientations) in the final 3D structures. 
The 2D layers are patterned using photolithography and reactive ion etching (RIE) in stretched 
elastomer substrate such as silicone to a certain prestrain (uniaxial or biaxial and using a 
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mechanical stretching stage). Part of the 2D patterning is to deposit a photoresist (AZ5214) in a 
certain bonding sites using spin casing and photolithography, which will adhere strongly to 
substrate using covalent surface chemical bonding. Once this prestrain is released, strong 
compressive lateral buckling transferred the 2D patterns intro 3D engineered structures.	11 
1.5 Objectives and outlines 
The number of research related to PNC is increasing. More scholars are contributing to the 
understanding of how PNC works and how to manipulate their behaviors. The PNC have become 
a well-established field but yet the significant implementation of PNC in the industry is still ahead 
of us. There are few challenges to overcome, which is pervading the implementation of PNC such 
as large mass production, recycling, health risks and durability. In the case of durability and 
resistance to degradation over time, solid quantitative studies are required to encourage potential 
markets to implement this relatively new class of composites.     
Durability is an important feature for these nanocomposites due to the nature of the 
applications (e.g., food packaging and electronics), which requires resistance to deformation in 
order to maintain the films’ or structures’ functionality and reliability. For example, certain 
applications are operated by means of mechanical contact such as touch screens and flat panel 
displays. In order to evaluate the mechanical properties, durability of these coatings to external 
normal and lateral loads and their resistance to failure and delamination, many experiments were 
carried out such as nanoindentation, nanoscratch and flat-punch compression. In addition, 
characterization techniques such as atomic force microscopy (AFM), scanning/transmission 
electron microscopy (SEM/TEM), Raman spectroscopy and X-ray photoelectron spectroscopy 
(XPS) were used to assist in further understanding the chemical and structural composition of the 
nanocomposites and evaluate their wear and failure.  
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The flowchart in Figure 1.2(a) summarizes the research ideas and the role of 
nanomechanics in improving the mechanical reliability of these multilayer systems. The 
nanomechanical testing were carried out under different conditions such as high temperature, high 
humidity, vacuum and room temperature to simulate real environments or due to constraints 
imposed by the small structures. As mentioned earlier in the case of 3D structures, mechanics play 
a role in both the fabrication and optimization of these structures. The fabrication and deformation 
of 3D structures introduces similar instabilities such as buckling but of opposite directions. Figure 
1.2(b) provides detailed outline for the research proposal. 




Figure 1.2 Flowchart of the research proposal, (a) simplified and (b) deatiled. 	
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(b) 
Figure 1.2 Continued. 	
 
According to the arrangement/layout of nanocomposites, the present thesis can be divided 
into three main parts,  
(1) Nanomechanics and fabrication of 2D multilayer nanocomposites (Chapters 2-5). The 
studies of 2D nanocomposites cover the big portion of the present thesis, as the field of multilayer 
thin films is well-developed. Indeed, these 2D nanocomposites have been used in many 
applications. However, their durability against mechanical deformations such as scratch and their 
nanomechanical properties were not discussed thoroughly in the literature. Also, there is little 
information about their mechanical behavior as a function of reinforcements, different substrates 
and under different operating conditions. For these reasons, this part includes a comprehensive 
range of different experimental techniques including nanomechanical, chemical and imaging 
analysis.  
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Chapter 2 begins with a detailed description of the deposition method (LbL assembly), 
which is used for the synthesis of films in Chapters 2-5. Next, a study of the nanomechanical, 
nanotribological and morphological properties of five different polymer-based multilayer thin 
films, which are widely used as gas barriers, are presented. The films were varied based on the 
used reinforcement (such as clay, graphene and polymer blend) and the number of layers in each 
cycle (such as bilayers and quadlayers). The motivations and ideas behind the work in the next 
chapters (3-5) were originated based on the findings in chapter 2. For example, the clay-based 
films were found to be excellent choice for hard coatings due to the superior scratch resistance as 
compared to the other films in this study such as graphene-based films and all-polymeric films. 
On the other hand, the poor performance of graphene-based films against scratch led the path for 
the research work in chapter 3.  
In Chapter 3, two extra processing steps: graphene reduction and polymer crosslinking 
were implemented in an effort to improve the scratch resistance of graphene-based films. 
Successfully, these implementations resulted in an improved adhesive and shear strength, 
improved mechanical properties, and lower friction coefficient of reduced graphene/crosslinked 
polymer films as compared to the original graphene-based film (without graphene reduction and 
polymer crosslinking).  
All-polymer based films were found to have the lowest mechanical properties and scratch 
resistance as compared to the reinforced polymer nanocomposites with either clay or graphene. 
However, these multilayer thin films were found to have the advantage of being self-healable once 
a mechanical damaged is introduced on surface. To introduce the healing process for a damage, a 
stimulus is required such as high temperature or high humidity. Chapter 4 discusses the 
mechanisms behind the self-healing capability using both insitu high temperature and high 
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humidity nanoindentation techniques. These insitu techniques were not used before in the 
literature. The details in how to conduct these insitu experiments are discussed in Chapter 4. They 
provided better insights to the role of mechanics in the self-healing process.  
This part closes with Chapter 5, which focuses on the effect of the substrate on the 
mechanical and scratch behavior of multilayer thin films. In Chapter 2-4, the polymer 
nanocomposites were deposited on a Si rigid substrate to avoid any substrate effects on the 
nanomechanical measurements. Thus, the intrinsic properties of the films could be extracted. 
While, this is helpful to understand the properties of these films, it does not provide a true 
perception of how these films will behave on real-life applications, since these films would be 
deposited on a softer and more compliant substrate such as PET for the gas barrier applications. 
Therefore, chapter 5 highlights the behavior of film/substrate systems. Complementary finite 
element analysis is included to emphasize the difference in the mechanical behavior for each 
film/substrate system. Challenges and recommendations were discussed based on the findings and 
whether having the film on a stiff or compliant substrates resemble the true behavior of polymer 
nanocomposites in real applications.   
 (2) Nanomechanics and fabrication of 3D multilayer nanocomposites (Chapter 6). While 
coatings provide many advantages as compared to bulk materials, there is a little design space to 
achieve lighter and more flexible nanocomposites due to the limitation in the geometry of these 
composites. Popping up the design of nanocomposites from 2D to 3D provides a route to continue 
the enhancement of nanocomposites’ properties, since it takes into account the shape factor of 
these composites. Chapter 6 introduces new 3D nanocomposites based on the ancient Japanese art 
of paper folding and cutting, known as Kirigami. Fabrication and Nanomechanics are discussed 
thoroughly. There is no literature for the mechanics of Kirigami or even Origami structures. Also, 
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the discussion of the substrate role in chapter 5 continues in Chapter 6, since these Kirigami 
structures are deposited on a complaint elastomer substrate.  
 (3) Development and characterization of New Reinforcement (Chapter 7). Chapter 2 
highlights different 2D polymer nanocomposites with different high aspect ratio reinforcements. 
Also, it showed how critical is to have a strong adhesion/load transfer between the matrix and the 
reinforcement. This have provided a motivation to pursue the search for new reinforcements, 
which can provide improved performance of multilayer nanocomposites. The last part investigates 
the synthesis and characterization of a new reinforcement, Aluminum diboride (AlB2) using 
Nanoindentation, AFM and SIMS.    
The nanomechanics and nanotribology provides a strong understanding of material 
behavior under study. By obtaining the nanomechanical properties measured during experiments, 
further information about the fundamental properties of materials was gained. Based on this 
knowledge, multilayer nanocomposites were found to be more mechanically robust through 
carrying out changes during fabrication/processing. The aim of this study is to improve the 
durability of PNC. In few occasions, the findings of nanomechanical properties inspired new 
applications for these PNC, which was not traditionally observed without nanomechanics. For 
example, multilayer thin films synthesized using LbL assembly, and traditionally made for high 
gas barrier application were found to be potential hard coatings for tribological applications, vapor 
barrier coatings and self-healing coatings as shown in Figure 1.3.  
Part of these nanomechanics experiments were carried out at ambient conditions, while 
others were carried out under different conditions such as vacuum, high temperature and high 
humidity. In situ measurements provided better insights for certain systems, which were not 
attainable with ambient conditions. In addition, the nanomechanics through computational 
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modelling can serve as a tool to optimize the fabrication processes and synthesis conditions. 
Therefore, a direct link between fabrication, mechanical testing and modeling is established. 
 
	
Figure 1.3 Multilayer thin films with exceptional gas barrier capability found to be good 
candidates for other applications after nanomechanical testing under different conditions. 
 
1.6 Recommended future work  
The mechanical behavior of a nanocomposite is dominated by the interface between the 
filler and the polymer matrix in case of 2D PNC and between the structure and the substrate in 
case of 3D PNC. Also, the importance of the interface role has become more significant due to the 
higher surface area to volume ratio as the nanofillers are made smaller. Therefore, more studies 
need to be carried out in order to understand the mechanics and physics of these interfaces. For 
example, time-dependent viscoelastic properties and thermomechanical response can varies 
widely based on the nature of this interface. As a continuation of the work presented by this thesis, 
one path for future work is to characterize the mechanical properties near the interface and 
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understand how interfaces changes over time due to polymer ageing or energy dissipation under 
mechanical cycling or fatigue. Extraction of viscoelastic properties is important to be able to model 
the contact mechanics near the interface and predict the behavior of these PNC.  
  13 




The simplicity and versatility of deposition techniques, such as layer-by-layer (LbL) 
assembly, has caused the development of polymeric nanocoatings to flourish in the last two 
decades.12,13 The most common form of LbL deposition involves alternately exposing a substrate 
to cationic and anionic solutions. Electrostatic attractions between the charged ingredients result 
in the buildup of layers. Film thickness and other properties can be easily optimized by increasing 
the number of deposition cycles, with optional rinsing and drying steps often used between 
deposition steps.3 In addition to electrostatic attractions, hydrogen bonding,14 covalent bonding15 
or van der Waals interactions16 can be employed to deposit these films. Concentration,17 ionic 
strength,18 molecular weight19 and deposition time20 of the aqueous deposition mixtures can be 
adjusted to tailor multilayer structure and properties. The LbL technique has successfully 
incorporated multiple polymers,21 nanoparticles,22 inorganic clays,23 and biological molecules.24 
Its simple and flexible water-based processing has allowed LbL assemblies to be used for drug 
delivery,25,26 antireflection,27,28 flame suppression,29,30 and gas barrier/separation.31,32  
Inorganic and metal oxide films are typically used to impart gas barrier to polymer 
substrates, but these thin films are neither stretchable nor flexible.33 Nanobrick wall thin films, 
consisting of polyelectrolytes and clay nanoplatelets,34,35 are much more flexible and can exceed 
the barrier of inorganic thin films. LbL-based gas barriers made with only polymers can undergo 
																																																						
*Reprinted with permissions from “Nanomechanical Behavior of High Gas Barrier Multilayer Thin 
Films” by Humood, M.; Chowdhury, S.; Song, Y.; Tzeng, P.; Grunlan, J. C.; Polycarpou, A. A. ACS 
Appl. Mater. Interfaces 2016, 8, 11128–11138. 
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modest stretching (~5%) without losing high barrier.36,37 Even with mechanical durability playing 
a critical role for these packaging materials, few studies have examined the mechanical behavior 
of high gas barrier LbL assemblies. Nanoindentation/scratch of polymeric coatings is known to be 
effective for determining nanomechanical properties of both the material and the surface 
characteristics.38–41 Material properties of thin films need to be measured within 10-20% of the 
total thickness to reduce the impact of substrate42 and to keep the plastic deformation region within 
the film.43 This requires shallow indentation, which nanoscale instruments have overcome due to 
sensitive force measurements of 1 nN44 and displacement measurements of less than 1 nm.45  
In this study, a series of polymer and polymer/platelet assemblies, known to have 
exceptional gas barrier,3 were fabricated to evaluate their nanomechanical and nanoscratch 
behavior. These films are highly flexible,46 dense,32,37 transparent3,47 and can be used for 
applications such as protection of flexible electronics. An understanding of the mechanical 
behavior of these coatings under a sliding load is developed. Available literature regarding 
mechanical properties of LbL assembly focused on studying the elasticity of films.48–55 However 
to the best of authors’ knowledge, scratch resistance has not been discussed widely for LbL 
multilayer thin films. Previous studies were focused on evaluation of gas barrier properties of these 
thin polymer multilayer films. In this case, the mechanical properties and durability to scratch 
resistance of four different multilayer coatings is evaluated. Nanomechanical properties and 
nanoscratch of these thin films were benchmarked with poly(ethylene terephthalate) (PET), which 
is a commonly used food packaging material.  
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2.2 Experimental Section  
2.2.1 Materials 
Branched polyethylenimine (Aldrich, St. Louis, MO) (MW ~ 25,000 g/mol) (PEI) is a 
cationic polymer that was dissolved into 18.2 MΩ deionized water to create a 0.1 wt% solution. 
The pH was adjusted from its unaltered value (~10.5) to 10 by adding 1 M hydrochloric acid (HCl). 
Poly(acrylic acid) (Aldrich) (MW ~ 100,000 g/mol) (PAA) is an anionic polymer that was prepared 
as a 0.2 wt% solution in deionized water. The pH of PAA was adjusted from its unaltered value 
(~3.1) to 4 by adding 1.0 M sodium hydroxide (NaOH). Anionic natural sodium montmorillonite 
clay (tradename Cloisite Na+) (Southern Clay Products, Inc., Gonzales, TX) was prepared as a 1.0 
wt% aqueous suspension. This suspension of high aspect ratio nanoplatelets (l/d is 80 to 300)56 
was used at its natural pH (~9.7),	where l and d are the thickness & diameter of the ellipsoid, 
respectively. Graphene oxide (GO) (aspect ratio 300-800) (CheapTubes, Brattleboro, VT) was 
exfoliated in deionized water via sonication (10W) for 10 minutes with a MISONIX XL-2000 tip 
sonicator (Qsonica, Melville, NY). A 0.1 wt% graphene oxide suspension was used as an anionic 
component at its unaltered pH (~3.2).  
Single-side-polished (100) silicon wafers (University Wafer, South Boston, MA) were 
used as deposition substrates. Silicon was used as substrate to facilitate thickness and surface 
roughness measurements using ellipsometry (film growth characterization is discussed in recent 
publications)32,37,46 and atomic force microscopy, respectively. Silicon or glass are the typical 
substrates for nanomechanical testing of multilayer LbL thin films.57–60 Silicon wafers were 
cleaned with a 3:1 ratio of 30% hydrogen peroxide to sulfuric acid (known as piranha solution) 
and stored in deionized water. These substrates were then rinsed with acetone and deionized water 
before use. Caution: Piranha solution reacts violently with organic material therefore it needs to 
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be handled properly. For transmission electron microscopy (TEM), samples were prepared by 
embedding a small piece of coated substrate (polyethylene terephthalate or polystyrene) in Epofix 
resin (EMS, Hatfield, PA). After curing overnight the cross-sections were cut using an Ultra 45° 
diamond knife (Diatome, Hatfield, PA). Samples were imaged on copper grids using a Tecnai G2 
F20 (FEI, Hillsboro, OR), operated at 200 kV. For TEM characterization, 5 quadlayers of 
PEI/PAA/PEI/GO and 20 bilayers of PEI/PAA were deposited on substrate. 
2.2.2 Layer-by-layer Deposition 
Figure 2.1 illustrates the layer-by-layer assembly procedure. For the bilayer (BL) 
assemblies, PEI/PAA and PEI/MMT, a layer of PEI was first deposited by dipping the substrate 
into the solution for 5 minutes, followed by rinsing with deionized water for 30 seconds and drying 
with a stream of filtered air. The substrate was then dipped into PAA or MMT solution for another 
5 minutes, followed by another rinsing and drying cycle. Starting from the second deposition cycle, 
the remaining layers were deposited using one-minute dips in each solution. For the 
PEI/PAA/PEI/MMT and PEI/PAA/PEI/GO assemblies, a quadlayer (QL) was completed with one 
more layer of PEI and nanoplatelet (following PEI/PAA) with one minute dips and all subsequent 
layers were also deposited with one minute immersions. All films were created with home-built 
robotic systems.61,62 For each system studied, the number of cycles chosen corresponds to high 
oxygen barrier (permeability < 10-19cm3cm/(cm2 s Pa). 
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(a) (b) 
Figure 2.1. Illustration of (a) LbL process and (b) bilayer structure. The procedure to build 




Nanomechanical properties were measured using a commercial nanoindenter (Triboscope 
(TS) 75, Hysitron Inc., Minneapolis, MN). The maximum load and displacement are 8000 µN and 
4.5 µm, respectively. A Berkovich tip (three sided pyramid), with a tip radius of ~ 150 nm (see 
Figure 2.2) was used for indentation. This radius was further confirmed through a technique 
developed by Yu et al.63 Tip area calibration was performed on fused quartz, known as the “tip 
area function,” to extract reduced elastic modulus and hardness measurements. A previously 
reported method was used,64 which is a compliance method, where the mechanical properties are 
calculated based on the contact area of the probe tip to the sample under a given load. The contact 
depth (hc) is the only information obtained by the indentation measurements, the tip area function 
correlates the contact area to the contact depth. For a perfect Berkovich tip, the area function is the 
geometrical function given by:38 
 𝐴- ℎ- = 24.5ℎ-+    (1) 
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However, due to tip imperfections, the area function more commonly takes the following 
form: 
 𝐴- ℎ- = 𝐶3ℎ-+ + 𝐶5ℎ- + 𝐶+ℎ-5/+ + 𝐶)ℎ-5/7 + 𝐶7ℎ-5/8 + 𝐶9ℎ-5/5: (2) 
 
where the coefficients C1-C5 are obtained from experimental data from the fused quartz 
(FQ) standard sample. To determine the coefficients, indentations at varying penetration depths 
(corresponding to a similar depth range as the desired measurements) were performed on a FQ 
sample. Since the modulus of the standard material is known, the contact area corresponding to 
each contact depth can be calculated using the Oliver-Pharr relation64 and the coefficients are 
determined by polynomial curve fitting. Once the contact area is defined, hardness (H) is obtained 
from Eq. 3. The reduced elastic modulus (𝐸<) can be obtained from the unloading stiffness (𝑆), 
according to Eq. 4, where 𝛽 is a constant related to the geometry of the tip. Eq. 5 defines the 
reduced elastic modulus. It is a combination of elastic modulus of both indenter (𝐸?) and sample 
(𝐸@) and Poisson’s ratio of both indenter (𝑣?) and sample (𝑣@):   
 
𝐻 = 𝑃DEF𝐴  (3) 
𝐸< = 𝜋2 × 𝑆𝛽 𝐴 (4) 1𝐸< = (1 − 𝑣?+𝐸? + 1 − 𝑣@+𝐸@ ) (5) 
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(a) (b) 
Figure 2.2 Scanning Electron Microscopy (SEM) image of (a) the Berkovich probe used for 
indention experiments and (b) a cross-sectional image of this tip. 
 
2.2.4 Nanoscratch 
A nanoscratch technique was utilized using a commercial nanoindenter (TriboIndenter (TI) 
Premier, Hysitron Inc., Minneapolis, MN) to measure the friction, wear and elastic recovery of the 
multilayer coatings. To eliminate the directional effects of tip geometry, a conospherical tip (870 
nm radius, see Figure 2.3) was used for the experiments.65 The scratch measurements were 
performed under constant normal loads of 50, 100, 200 and 400 µN and with a sliding speed of 
0.33 µm/s. The scratch length was 8 µm. At the end of each 8 µm scratch, wear depths were 
rescanned using the same tip to measure the residual scratch depth. This procedure also allows for 
an estimation of the elastic recovery of the coatings. The coefficient of friction (COF) was recorded 
from the scratch experiments. In addition, high load scratches of 1, 2 and 3 mN were performed to 
check the post scratch wear and assess film failure and delamination.  
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(a) (b) 
Figure 2.3 Scanning Electron Microscopy (SEM) image of (a) the conospherical probe used in 
scratch experiments and (b) a cross-sectional image of this tip. 
 
2.3 Results and Discussion 
2.3.1 Surface Roughness & Morphology 
Figure 2.4 shows the AFM images used to obtain root mean square (rms) roughness values 
that are summarized in Table 2.1 (along with a brief description of each of the coatings). The 
PEI/PAA film is much rougher than the multilayer films containing nanoplatelets. 
PEI/PAA/PEI/GO, PEI/PAA/PEI/MMT and PEI/MMT all have surface roughness values below 
10 nm. Without platelets, the weak polyelectrolytes form bumpy domains that are linked to initial 
islands formed during the first few deposited bilayers.66,67 High aspect ratio nanoplatelets are able 
to bridge islands and other defects to planarize the surfaces, thus producing smooth thin films. 
Cross-sectional images of these multilayer films were imaged by TEM, as shown in Figure 2.5. 
Clay or GO nanoplatelets appear as dark lines due to their high electron density compared to the 
polyelectrolyte, epoxy resin or polymer substrate, which have a lighter appearance. The wavy 
structure in Figure 2.5(b) was likely introduced during the TEM sample preparation. No stratified 
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layer structure was observed in PEI/PAA all-polymer multilayer film (see Figure 2.5(c)) due to 
the lack of contrast between the two polyelectrolyte.  
 
 
Figure 2.4 Atomic Force Microscopy topography images (5×5 µm) of the multilayer thin films. 
Subscripts refer to the number of bilayers or quadlayers deposited.   
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Figure 2.5 TEM cross-sectional images of (a) (PEI/PAA/PEI/GO)5, (b) (PEI/MMT)50, (c) 
(PEI/PAA/PEI/MMT)10 and (d) (PEI/PAA)20. 
 
2.3.2 Reduced Modulus and Hardness 
The area function was determined using multiple indentations, from 50 to 700 µN, on the 
fused quartz standard.  It was calibrated for a range of contact depths between 17 and 162 nm. 
Multiple indentations, with constant step loads of 40 µN, starting from 40 µN and going up to 200 
µN, were employed and the depth of penetration was kept below 20% of the total film thickness 
to avoid substrate effects.43 Figure 2.6(a-b) shows representative load-displacement curves using 
(a) (b) 
(c) (d) 
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a single load function, with a maximum load of 70 µN for multilayer thin films. Figure 2.6(c-f) 
depicts the variation of reduced elastic modulus and hardness with contact depth. 
(PEI/PAA/PEI/MMT)10 exhibited less variability as a function of coating thickness relative to the 
(PEI/PAA)8 coating because the latter film is five times rougher. When the film’s roughness is 
more than 5% of the indentation depth, surface roughness introduces uncertainties in the 
measurements.38,39  
(PEI/PAA/PEI/GO)30 and (PEI/MMT)50 have maximum indentation depth half of 
(PEI/PAA/PEI/MMT)10 and (PEI/PAA)8 under same applied load. This indicates that these two 
multilayer films are harder to penetrate under this indentation load range. Residual indentation 
profiles were scanned for multilayer thin films using same tip and there was no pile up taking place 
for this indentation load range. Table 2.2 summarizes the reduced modulus and hardness properties 
for all four multilayer thin films tested. (PEI/PAA/PEI/GO)30 and (PEI/MMT)50 have the highest 
reduced modulus (Er = 38 GPa) and hardness values (H =1.4-1.65 GPa), while 
(PEI/PAA/PEI/MMT)10 and (PEI/PAA)8 are about half of these values. One possible explanation 
for the lower values Er and H for MMT-based quadlayers is due to a decrease in clay 
concentration.3  
(PEI10/PAA4)8 has high Er and H as an all-polymer multilayer thin film, which suggests 
glassy behavior at room temperature. Its mechanical properties are comparable to some reported 
polymer-only barrier LbL films such as (PAH3.5/PAA3.5)20 (Er=17.0±4.0 & H=0.80±0.10)54. 
PEI10/PAA4 has a greater film growth rate (8 bilayers resulted in a film of 450 nm while 20 bilayers 
of PAH/PAA yielded a film of 100 nm). This is due to the effective crosslink density and polymer 
interdiffusion because of the low charge of both PEI and PAA in PEI10/PAA4, while PAH is fully 
charged in PAH3.5/PAA3.5 system.46,54 As a result, a scrambled salt structure with low mobility and 
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reduced free volume is formed for PEI10/PAA4, so it exhibits more resistance to axial deformation 
than PAH3.5/PAA3.5. Table 2.2 shows gas permeability values for three of the four multilayer thin 
films. Clay-based films show superior gas permeability due to the extremely tortuous path for 
oxygen.  All of these films have very low permeability relative to SiOx.31 The advantage of 
graphene-based film is its capability to maintain a strong gas barrier in humid condition once 
graphene is reduced (graphene reduction makes the film more hydrophobic).68 Also, recent finding 
showed enhanced mechanical properties with graphene reduction69.  





  Figure 2.6  Representative load–displacement curves for a single-loading of 70 µN on (a) 
(PEI/PAA/PEI/MMT)10 and (PEI/PAA)8 and (b) (PEI/MMT)50 and (PEI/PAA/PEI/GO)30. Extracted 
reduced elastic modulus and hardness as a function of contact depth using multiple indentations with 
increasing loads from 40 to 200 µN for (c) (e) (PEI/PAA/PEI/MMT)10 and (PEI/PAA)8 films and (d) (f) 




  26 
























(PEI/PAA/PEI/GO)30 38±5.0 1.4±0.35 0.18±0.019 47 [83%] * 
(PEI/PAA/PEI/MMT)10 17±3.0 0.74±0.10 0.12±0.015 11 [90%] <0.000009
3 
(PEI/MMT)50 38±4.0 1.65±0.30 0.11±0.008 9 [98%] <0.0000044
37 
(PEI/PAA)8 20±3.5 0.75±0.20 0.31±0.019 123 [78%] <0.000048
46 
* Just five quadlayers of chitosan/PAA/chitosan/GO have an oxygen permeability of ~ 10-19 cm3cm/(cm2 s Pa),70 so 
(PEI/PAA/PEI/GO)30 is reasonably expected to have similar or lower permeability than (PEI/PAA/PEI/MMT)10.  
 
2.3.3 Nanoscratch 
Scratch experiments were used to study the frictional behavior, elastic recovery and wear 
resistance of the multilayer thin films using constant normal loads of 50, 100, 200 and 400 µN and 
a constant sliding velocity of 0.33 µm/s. Once each scratch experiment was performed, scratch 
depths were rescanned using the same tip to measure the residual scratch depth. Table 2.2 
summarizes the COF values and % elastic recovery for each film studied. The low COF and high 
recovery for (PEI/MMT)50 are superior to low-friction polymeric coatings. For example, 
epoxy/carbon nanostructures have COF of about 0.15.71 Also,  (PEI/MMT)50 shows better 
mechanical behavior than carbon fiber-reinforced polyetheretherketone (PEEK), used for medical 
applications (Er = 3.5 GPa, H = 0.12 GPa, and COF increases up to 0.3 once scratched with 100 
µN scratch force).72 Nanoscratch experiments were also carried out for hafnium borocarbide, 
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(HfBxCy) using the same testing setup, scratch forces and diamond tip used here. 
(PEI/PAA/PEI/MMT)10 and (PEI/MMT)50  showed similar low friction behavior to this ultra-hard 
ceramic coating (Er = 140 GPa, H = 12.5 GPa, COF = 0.10-0.11, at 15 at.% carbon content).73      
The % elastic recovery of films was measured after each scratch test. Figure 2.7 shows the 
initial and residual scratch depth values. For the 50 to 400 µN load regime, films (PEI/MMT)50 
and (PEI/PAA/PEI/MMT)10 have the lowest in-situ depth of penetration. For (PEI/MMT)50, it is 
less than 25 nm or 7% of the film thickness, with the % elastic recovery being 93-97% 
(accompanied by highly stable recovery). (PEI/PAA/PEI/MMT)10 has slightly lower scratch 
depths and recovery (90-93%) compared to (PEI/MMT)50. (PEI/PAA/PEI/GO)30 depth of 
penetration is 35-70 nm, or 18-35% of film thickness (recovery being 80-83%). (PEI/PAA)8 shows 
scratch depth higher than 100 nm for all scratch forces while maintaining high recovery (68-84%). 
This is due to the film containing only polymers. All multilayer thin films, except (PEI/PAA)8, 
maintained stable recovery for low load scratch. Overall, the (PEI/MMT)50 exhibited exceptional 
performance.  This coating is known to have a nanobrick wall structure.37 It shows high wear 
resistance and a high elastic recovery, low COF and high hardness and reduced elastic modulus, 
while maintaining a smoother surface than (PEI/PAA/PEI/GO)30.  
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Figure 2.7 In-situ scratch depth and residual depth (plastic deformation) for different normal 
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The elastic modulus and hardness of (PEI/PAA)10 (23.4 ± 5.7 GPa and 0.7 ± 0.3 GPa, 
respectively) reported previously agrees well with the measured values in this work.74 (PEI/PAA)8 
was found to have a relatively lower elastic modulus, but the results agree in general. Priolo et al. 
found that (PEI/MMT)40 had a lower reduced elastic modulus and hardness of about 15 and 0.8 
GPa, respectively than (PEI/MMT)50.37 Table 2.3 compares the properties of (PEI/MMT)50 to PET 
film with and without a 50 nm coating of SiOx. (PEI/MMT)50 shows superior mechanical 
properties to uncoated PET (12 µm thick) and slightly lower COF and surface roughness. In 
addition to outstanding mechanical properties, these nanobrick wall films were found to have an 
oxygen transmission rate 67 times lower than PET.37  
 











H (GPa) COF 
(PEI/MMT)50 400 3.63 38.0±4.0 1.65±0.30 0.11 
Uncoated PET75,76 12,000 4 3.0±0.5 0.30±0.10 0.30 
SiOx/PET75,77 12,050 0.6 5.7-6.7 0.39-0.47 0.25 
 
2.3.4 High load Indentation and Scratch 
High load indentation experiments were performed at 1500 µN with the same Berkovich 
tip used to obtain reduced modulus and hardness. The residual indentation marks were measured 
using the same tip and are shown in Figure 2.8, with data summarized in Figure 2.9. 
(PEI/PAA/PEI/GO)30 and (PEI/PAA)8 show high residual indentation depths (100 – 145 nm). Both 
films also exhibit pile-ups around the indentation, which is typical for polymeric coatings such as 
poly(methyl methacrylate)78 and polytetrafluoroethylene/pyrrolidone38 coatings. Under high load 
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indentation, the plastic deformation becomes irreversible, where some polyelectrolyte multilayers 
become decoiled. This can result in an increase in the polarity of polyelectrolytes.79 
(PEI/PAA/PEI/MMT)10 and (PEI/MMT)50 exhibit shallower residual indentation depths at this 
load (about 30 nm deep) and show no pile-up behavior. The observed sink-in behavior is similar 






Figure 2.8 Residual indentation profiles (2x2 µm) after 1500 µN indentation: (a) 
(PEI/PAA/PEI/GO)30 (b) (PEI/PAA)8 (c) (PEI/PAA/PEI/MMT)10 and (d) (PEI/MMT)50. 
(a) (b) 
(c) (d) 
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Figure 2.9 Residual indentation depths for multilayer thin films indented with a 1500 µN normal 
load. 
 
High load scratch experiments were performed at 1, 2 and 3 mN using the same 
conospherical tip. The residual scratches were scanned for the penetration depth and the pattern of 
the scratch groove, as shown in Figures 2.10 and 2.11 for (PEI/PAA/PEI/MMT)10 and (PEI/PAA)8, 
respectively. Both (PEI/PAA/PEI/GO)30 and (PEI/PAA)8 exhibited pile up behavior followed by 
visible deformation around the scratch mark, which made it impossible to scratch the same location 
twice. In addition, these films have high residual scratch depths, as shown in Figure 2.12. Elastic 
recovery decreases for these coatings as scratch load increases. Film penetration clearly took place 
for (PEI/PAA/PEI/GO)30 and (PEI/PAA)8 films as the residual scratch depth exceeded the film 
thickness at 1mN and at 2mN, respectively. Among all the multilayer thin films, 
(PEI/PAA/PEI/MMT)10 and (PEI/MMT)50 are exceptional, maintaining remarkable wear 
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resistance and elastic recovery with increasing scratch load. Their residual scratch depths were 
below 30 nm, with no significant pile-ups. They did not show any distortion of the surrounding 
area, so it was possible to do multiple scratches at the same location. Even though, non-clay based 
multilayer thin films such as (PEI/PAA/PEI/GO)30 and (PEI/PAA)8 have similar Er and H to 
(PEI/MMT)50 and (PEI/PAA/PEI/MMT)10, respectively, their deformation behavior against an 
applied lateral load were very different. The superior scratch-resistant behavior of MMT-based 
LbL films is due to few factors: (1) MMT platelets act like a reinforcement in the polymeric matrix 
(E = 175 GPa),80 (2) polyelectrolytes and MMT form strong hydrogen bonds,81 (3) a highly aligned 
laminate structure, which acts as a stress damping preventing stress from reaching deeper layers 
of polymers,82 and (4) clay-based films have smoother surface roughness compared to other 
multilayer thin films.  
 
         
Figure 2.10 (a) Residual scratch images for (PEI/PAA/PEI/MMT)10 and (b) residual scratch 
profiles with 1, 2 and 3 mN forces.  
 
1 mN 2 mN 3 mN 1 mN 2 mN 3 mN 
(a) (b) 




Figure 2.11 Residual scratch images for (PEI/PAA)8 with (a) 1, (b) 2 and (c) 3 mN force and 
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Figure 2.12 In-situ scratch depth and residual scratch depths of multilayer thin films scratched 
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To evaluate the failure and possible delamination of the films using the scratch technique, 
COF and % elastic recovery are plotted as a function of scratch force in Figure 2.13. Additional 
scratch tests with various forces were carried out to obtain more information. With increasing load, 
the COF increases for (PEI/PAA/PEI/GO)30 and (PEI/PAA)10 by more than 100% and elastic 
recovery decreases by half. For (PEI/MMT)50 and (PEI/PAA/PEI/MMT)10, COF increases by less 
than 0.1 and % elastic recovery remains almost constant for most applied loads. Critical transitions 
happen for the (PEI/PAA/PEI/GO)30 and (PEI/PAA)10 at about 750 µN, with a significant drop in 
the recovery accompanied by an increase in the COF. At this load, the scratch depth reaches the 
film thickness of (PEI/PAA/PEI/GO)30 (scratch depth = 207 nm) and the tip starts to scratch the 
silicon substrate. The scratch depth exceeds 72% of film thickness of (PEI/PAA)10 (scratch depth 
= 325 nm). (PEI/MMT)50 and (PEI/PAA/PEI/MMT)10 have a transition at a higher load of 2500 
µN with a smaller drop in elastic recovery. To confirm exact transitions, a ramp load type scratch 




Figure 2.13 (a) Friction coefficient and (b) % elastic recovery as a function of scratch normal 
force for multilayer thin films. 
(a) (b) 
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2.4 Summary of Chapter 2 
Multilayer coatings were manufactured using LbL assembly for various packaging 
applications. In addition to being moderately stretchable gas barriers, these coatings exhibited 
mechanical properties superior to PET and other low-friction polymeric coatings. Nanoindentation 
and scratch experiments were carried out to obtain the mechanical behavior of these coatings and 
their wear characteristics. Clay-based assemblies, (PEI/MMT)50 and (PEI/PAA/PEI/MMT)10, 
exhibit superior scratch resistance compared to other multilayer thin films. In particular, 
(PEI/MMT)50 shows the best performance. It has a smooth surface with low rms roughness (3.63 
nm) and friction coefficient (0.11). Its reduced elastic modulus (38 GPa) and hardness (1.65 GPa) 
are comparatively high amongst polymeric coatings. It also showed very low depth of penetration 
during scratch and had an outstanding elastic recovery of > 93% for low load scratch and above 
84% for high scratch load. At high load indentation/scratch this film exhibited shallow 
indentation/scratch depths with almost no distortion in the surrounding area. This excellent 
mechanical behavior makes such a thin film a favorable candidate for hard coating applications. 
Next chapter investigates the influence of graphene reduction and polymer crosslinking in the 
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3 THE INFLUENCE OF GRAPHENE REDUCTION AND POLYMER CROSSLINKING 




Graphene, a one-atom thick 2D dimensional material, has unique electrical,83 mechanical,84 
thermal,85 optical,86 chemical87 and biocompatibility characteristics.88 Conventionally, graphene is 
produced using chemical vapor deposition (CVD),89 however this technique is costly and difficult 
to scale up for commercial applications.90 In addition, it introduces structural defects and 
contamination into graphene sheets, and a lack of uniformity over large surface areas. This leads 
to a major issue for many applications, which requires high quality continuous defect-free 
graphene sheets such as gas barriers,91 water membranes,92 optoelectronic devices,93 biosensors,94 
corrosion inhibitors,95 energy devices,96 and nanocomposites.97  
Hybrid graphene-based multilayer thin films consisting of graphene and polymer shows 
improved unique properties due to the incorporation of materials with diverse functionalities, 
which is promising for the aforementioned applications. There are many techniques for fabricating 
thin multilayer films, such as: solvent casting,98 painting,99 spray processing,100 printing,101 spin 
coating,102 floating technique,103 pulsed laser deposition technique,104 and layer-by-layer (LbL) 
assembly.31 Compared to other techniques, the synthesis of graphene-based nanocomposites using 
LbL technique is advantageous because it is simpler, reproducible due to the highly ordered 
																																																						
*Reprinted with permissions from “Influence of Graphene Reduction and Polymer Cross-Linking on 
Improving the Interfacial Properties of Multilayer Thin Films” by Humood, M.; Qin, S.; Song, Y.; 
Polychronopoulou, K.; Zhang, Y.; Grunlan, J. C.; Polycarpou, A. A. ACS Appl. Mater. Interfaces 
2017, 9, 1107–1118. 
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structure, and scalable through linear or exponential thickness growth.67,105  
It is possible to use LbL method to deposit graphene oxide (GO) because of its solubility 
in water. Its molecules can easily intercalate through the graphene layers due to the interlayer 
distance of less than 1 nm.106 Therefore, GO is easily dispersed using aqueous processing (contains 
carboxylic acid groups which introduce negative charges once exfoliated in water).47 The graphene 
is held within the LbL assembly by electrostatic interactions, hydrogen bonding and van der Waals 
interactions. Usually electrostatic interaction is the driving force for stacking graphene/polymer 
multilayer structures. In addition, on the interface of graphene/polymer, the functional groups and 
the π-π stacking are held by hydrogen bonding and van der Waals respectively.107  
Although graphene shows several unique properties, there is a major challenge for effective 
graphene reinforcement in nanocomposites: the weak interface bonding for graphene with different 
substrates such as metals and polymers. This is due to the weak Van der Waals forces, which govern 
the adhesion of graphene.108 This is overcome by adding a layer of a polymer to adhere to substrate 
instead.109 Therefore, this drawback results in limitations in performance and applications for these 
nanocomposites.110 In a recent study, we showed a comparison of different polymer 
nanocomposites such as montmorillonite (MMT) clay and graphene (GO) based multilayer thin 
films. Polyethylenimine (PEI)/ Poly(acrylic acid) (PAA)/PEI/GO system showed twice-stronger 
mechanical properties of reduced elastic modulus (Er) and hardness (H) than PEI/PAA/PEI/MMT. 
This shows effective load transfer in the normal direction due to strong π–π stacking, electrostatic 
interaction and hydrogen bonding. However, the load transfer through lateral direction using 
scratch tests was less appealing for graphene-based multilayer films. It showed higher coefficient 
of friction, highly visible and wider scratches, lower elastic recovery and deeper scratch depths.111  
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Scratch resistance of these nanocomposites is critical for many applications.112 For 
example, optoelectronic devices such as flat panel displays and touch screens are operated by 
means of mechanical friction. Others are subjected to mechanical erosion and scratch as part of 
their normal operation such as solar cells and membranes.113,114 The stable operation of coatings 
requires strong adhesion to substrate in order to sustain long-term durability against repeated 
sliding process.  
To improve the scratch resistance of graphene based nanocomposites, two steps are 
suggested here. First, thermal reduction (at a temperature less than 200 °C) changes GO from an 
electric insulator to being electrically conductive due to the partial restoration of hybridized sp2 
carbon bonds. Once graphene oxide is reduced, it turns from transparent to opaque film.68 Thermal 
reduction was found to improve the interfacial bonding, thermal conductivity, mechanical 
properties, and restore some of the properties of graphene sheets.115  
Next, polymer covalent crosslinking of multilayer thin films improves the thermal 
stability,116 mechanical properties117 and chemical resistance.69 The influence of crosslinking 
depends on the density of crosslinks.118 In the case of poly(vinyl alcohol) (PVA), increasing the 
crosslinking density shows 20% increase in properties such as storage modulus, glass transition 
temperature and hardness, because of increases in the chain rigidity, which results in restriction of 
chain mobility.116  
Although the electrical,119 mechanical,120 and chemical properties121 of polymer/GO thin 
films are actively pursued, there is lack of fundamental knowledge on the effects of GO reduction 
and polymer crosslinking on the mechanical/scratch/wear behavior of these films.122,123 In order to 
improve the surface reliability of GO-based LbL films, the mechanical properties and scratch 
resistance are of significant importance. Nanoindentation and nanoscratch experiments are an 
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effective way to measure these properties.38,40,124 The hardness and elastic modulus can be obtained 
through Oliver-Pharr method.64 In addition, scratch testing is typically used to measure the friction 
coefficient and gain insight on the interfacial shearing required for both single layer and 
multilayered coating removal.125–127  
In the present study, polyvinylamine/graphene oxide (PVAm/GO) multilayer thin films, 
deposited on silicon (Si) substrates, are evaluated and characterized using different techniques. To 
understand how graphene reduction and polymer crosslinking improve the mechanical behavior 
and interfacial bonding, nanoindentation and scratch experiments are employed using original 
(PVAm/GO), reduced (PVAm/rGO), and reduced and crosslinked (xPVAm/rGO) films.  
3.2 Experimental Section  
3.2.1 Materials 
Polyvinylamine (PVAm) (95% hydrolyzed, M = 340 kDa, trade name Lupamin 9095, 
BASF, Ludwigshafen, Germany) was dialyzed three times for 24 hours in 18.2 MΩ DI water using 
cellulose dialysis tubing (Mcutoff = 14 kDa, Sigma Aldrich, St. Louis, MO), and then diluted to 0.1 
wt% and adjusted to the desired pH using 1 M NaOH or HCl (Sigma). Graphene oxide (Graphenea, 
Cambridge, MA) was diluted to a 0.1 wt% suspension in DI water and dispersed with 10 minutes 
of 15 W tip sonication.  
3.2.2 Substrates 
(1 0 0) silicon wafers were cleaned using successive rinsing of acetone, methanol, and DI 
water and a 10 minute air plasma cleaning treatment (Harrick Plasma, Ithaca, NY). For 
transmission electron microscope (TEM) characterization, polyethylene terephthalate (PET) films 
(179 µm, ST505, Dupont-Teijin, Chester, VA) were cleaned by rinsing multiple times with DI 
water, methanol, and air, followed by corona treatment (BD-20C Corona Treater, Electro-Technic 
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Products Inc., Chicago, IL) for improved film adhesion.  
3.2.3 Processing 
The nanofilms were deposited via LbL assembly, alternately exposing the substrate to the 
PVAm and GO solutions and rinsing thoroughly with DI water and drying with filtered air between 
depositions. The first dips into the solutions were 5 min, while subsequent depositions were 1 min. 
Thermal reduction of the multilayer thin films was performed in air at 175˚C for 90 min following 
deposition. The heat treatment takes place below the melting temperature of PVAm. PVAm moiety 
starts to decompose between 300-450 °C.128 Crosslinking of the multilayer thin films was 
performed after reduction by soaking in 1 vol% aqueous glutaraldehyde (Sigma) for 60 min, 
followed by soaking in 0.1 M sodium borohydride (Sigma) in ethanol for 60 min. After 
crosslinking, these films were rinsed thoroughly with ethanol and DI water, and finally dried at 
70˚C for 5 min. The thicknesses of the films were measured on (1 0 0) silicon wafers with a P-6 
profilometer (KLA-Tencor, Milpitas, CA). Notation of these films is as follows: PVAm/GO for the 
original film, PVAm/rGO for the film following GO reduction and xPVAm/rGO for the film 
following GO reduction and crosslinking.   
3.2.4 Nanoindentation 
Nanoindentation experiments were performed using a Triboscope (TS) 75 instrument 
(Hysitron Inc., Minneapolis, MN). A sharp 90° diamond cube corner probe was used to obtain 
measurements in a wide range of contact depths (5-40 nm). The mechanical properties of 
PVAm/GO films are found based on the contact area (Ac), which is related to contact depth (hc) 
through the tip area function (see Equation 1).64 A fused quartz standard sample with known 
properties is used for calibration. The area function of each tip can be expressed as follows: 
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Area function (Ac) = 𝐶3ℎ-+ + 𝐶5ℎ- + 𝐶+ℎ-5/+ + 𝐶)ℎ-5/7 + 𝐶7ℎ-5/8 + 𝐶9ℎ-5/5: (1) 
 
where C1-C5 are curve-fit coefficients, which are related to tip imperfections, and 𝐶3	equals 
to 2.598 for a cube corner (90°) probe, and hc is the contact depth. To define a precise area function 
for this study, the indentation depth range on fused quartz has to match the depth of less than 20% 
of the total thickness of the samples with unknown properties (PVAm/GO films). The coefficients 
C1-C5 are determined by conducting indentation experiments at variable penetration depths. To 
ensure the accuracy of the area function, the elastic modulus and the hardness of polycarbonate 
and silicon were measured with the determined area function and compared with known values. 
The detailed indentation is included in the supporting information (see Table 3.1 and Figure 3.2).  
The reduced modulus and hardness of each PVAm/GO sample were then extracted using 
the Oliver-Pharr method64. Different indentations were applied with maximum indentation forces 
of 1 to 20 µN to maintain indentation depths less than 20% of the total film thickness to avoid 
substrate effects.43 The load function includes a holding time of 2 seconds on the peak load to 
reduce the influence of viscoelasticity of the polymeric films.40 Moreover, to characterize the 
hardness of the material within its plastic deformation region there should be no significant 
residual-indentation pile-up.43 
3.2.5 Nanoscratch 
The nanoscratch experiments are carried out using a commercial indenter (TriboIndenter 
(TI) Premier, Hysitron Inc., Minneapolis, MN) to study the frictional behavior of PVAm/GO 
multilayer thin films. Figure 3.1 shows the conospherical probe with a tip radius of 870 nm, which 
is used for the nanoscratch experiments. To study the different friction regimes (such as adhesive 
and plowing), scratch experiments were performed under various constant, and ramp normal loads 
of 25, 100 and 300 μN with a fixed sliding speed of 0.67 µm/s. Different sliding speeds were 
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examined initially and friction coefficient was found to change slightly with different sliding 
speeds, which corroborates with findings in the literature.65,129,130 These normal loads are chosen to 
keep the scratch depths within the film’s thickness. The scratch length was kept to 6 μm. Before 
and after each scratch experiment, a height scan is performed using the same tip to measure the 
initial topography and the residual scratch depth. The coefficient of friction (COF) is recorded for 
each experiment by dividing the lateral load over the normal scratch load. To evaluate the films’ 





Figure 3.1 Scanning Electron Microscopy (SEM) image for the nanoscratch conospherical 
probe with spherical tip of 870 nm radius, at (a) x250 and (b) x4,300. 
 
3.2.6 Shear and Adhesive Strength Measurements 
Shear (𝜏-) and adhesive (𝜎E) strengths, which are required to delaminate a thin film at the 
film-substrate interface are calculated using methods developed by Ashcroft and Derby, and 
Laugier respectively.125,131  
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Shear Strength (𝜏-) = OPQRS(<TU VRWXP) (2) 
Adhesive Strength (𝜎E) = +QRSYRT 4 + ν[ )\]8 − (1 − 2ν[)  (3) 
 
Where 𝜏- is a function of the substrate hardness (Hs), the critical contact pressure/load, 
which is required for film delamination (Pc) and tip radius (r=870 nm), 𝜎E is a function of scratch 
groove width (dc), coefficient of friction measured during the experiment (µ), Pc, and the substrate 
Poisson’s ratio (νs). Si (1 0 0) has an anisotropic Poisson’s ratio varying between 0.064 and 0.279. 
In this work Si is assumed to be isotropic and linearly thermoelastic (νs = 0.22).132,133   
3.2.7 Characterizations 
Different imaging techniques such as scanning/transmission electron microscopy 
(SEM)/(TEM) and atomic force microscopy (AFM) were performed to evaluate the films’ 
morphology, thickness and residual scratch deformation. Also, chemical analysis tools such as 
Raman spectroscopy/X-ray photoelectron spectroscopy (XPS) were used to better understand how 
the chemical structure, bonding and composition of these multilayer thin films change with 
graphene reduction and polymer crosslinking and their influence in the mechanical behavior of 
these films. Details of these techniques are provided below.         
3.2.8 Nanoindentation Calibration 
By performing multiple indentation experiments on a fused quartz standard sample with 
known properties, reduced elastic modulus (Er) = 69.6 GPa (±5%), hardness (H) =9.3 GPa (±10%), 
the area function was determined with various coefficients as function of indentation depth. 
Multiple loads were applied to measure the reduced elastic modulus and hardness throughout the 
calibrated indentation range. Once the area function of cube corner tip is found, multiple 
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indentations were carried out in both fused quartz and polycarbonate (PC) standard samples with 
known properties, Er = 3.10 GPa (±10%), H =0.18 GPa (±10%), to verify the calibration (see Table 
3.1).  
Furthermore, the mechanical properties of the substrate were found using multiple 
indentation experiments and the results are summarized in Table 3.1. Results are consistent with 
the literature.134 Figure 3.2 presents load–displacement curves for different indentation loads on 
the fused quartz and polycarbonate standard samples, and the silicon substrate. All indentation 
experiments were kept within the calibrated contact depth range on fused quartz.   
 
Table 3.1. Elastic Modulus and Hardness for standard samples and silicon. 
Substrate  Er (GPa) H (GPa) 
Fused Quartz  70.10±1.32 9.42±0.28 
Polycarbonate  3.24±0.26 0.23±0.01 




Figure 3.2 Representative load–displacement curves for (a) Fused Quartz standard sample (b) 
Polycarbonate standard sample (c) Silicon substrate. 
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(c) 
Figure 3.2 Continued. 
	
3.2.9 Raman spectroscopy/X-ray photoelectron spectroscopy (XPS) 
Raman experiments were performed using a Raman confocal microscope made by Horiba 
Ltd (Jobin-Yvon LabRam). The pinhole diameter is 200 nm and the objective lens is 100x, making 
the spatial resolution of the beam 3.7 µm. The laser wavelength is 633 nm and the exposition time 
is 15s with 5 accumulations for each test. X-ray photoelectron studies were performed using an 
Omicron ESCA system equipped with a monochromatic MgKα X-ray source (1253.6 eV) and 
operated at 300 W. Samples were analyzed under vacuum (P < 10−8 Torr), whereas survey scans 
and high-resolution scans were collected using pass energies of 40 eV, respectively. Binding 
energies were referred to the C 1s binding energy at 284.6 eV. The samples’ exposure to air was 
minimized to avoid any oxidation. A low-energy electron flood gun was employed for charge 
neutralization. Prior to XPS measurements, the films were mounted on stubs and put into the entry-
load chamber to pump overnight.  
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3.2.10 Scanning/Transmission Electron Microscopy (SEM)/(TEM) 
The deformation patterns of thin films under nano/microscratch testing were examined 
using SEM (operating voltage = 3 kV). In addition, SEM is used to evaluate parameters such as 
scratch width and critical events such as coating delamination and stick-slip motion. For TEM, the 
samples were prepared by embedding a small substrate of either polyethylene terephthalate or 
polystyrene in an Epofix resin (EMS, Hatfield, PA). The samples are left to cure overnight and 
then cross sections were cut using an Ultra 45° diamond knife (Diatome, Hatfield, PA). Samples 
were imaged on copper grids using a Tecnai G2 F20 (FEI, Hillsboro, OR), operated at 200 kV.  
3.2.11 Atomic Force Microscopy (AFM) 
The surface roughness is measured using Dimension Icon AFM (Bruker, Billerica, MA). 
AFM mode is set to tapping mode. AFM silicon tip (HQ:NSC35/AL BS) is obtained from 
(MikroMasch, Watsonville, CA), and it has a radius of 8 nm, resonance frequency of 150 kHz and 
force constant of 5.4 N/m. In order to obtain high quality images, the scanning rate was set to 0.5 
Hz with 512 samples per line. The conospherical scratch tip is used for in-situ characterizations of 
residual scratch images. 
3.3 Results & Discussion  
3.3.1 Surface Roughness & Morphology 
Table 3.2 lists the three PVAm/GO films under study, namely PVAm/GO, PVAm/rGO 
(reduced), and xPVAm/rGO (crosslinked). The film thickness was kept constant by varying the 
deposition layers for each film. Thermal reduction of GO reduces the film thickness by 35% due 
to both the removal of oxygen from GO surface and the reduction of GO nanoplatelet wrinkles.68,69 
Therefore, more layers were required for the films to be reduced to yield a similar film thickness 
as the initial film. On the other hand, crosslinking was found to slightly increases the film thickness 
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due to the added volume of glutaraldehyde.69 The heat treatment does not cause any thermal 
degradation of the polymer based upon TGA results of PVAm in literature.54 Others attempted to 
understand how the graphene reduction alters the morphology or thickness of host polymers but 
did not detect any measurable changes with these polymers.135,136  
Each cycle of graphene and PVAm yielded a thickness of 5 nm for the initial film, 
PVAm/GO, based on the linear relationship between the film thickness and the number of 
deposited bilayers. If graphene layer is expected to have a thickness of about 0.8-1 nm before 
reduction,137 then PVAm layer is about 4 nm thick. Figure 3.3 shows AFM height and phase images 
for all films (average root-mean-square (Rq) roughness values are reported in Table 3.2 with 
standard deviation). Five areas of (1x1 µm) were scanned for each sample in different surface 
locations and Rq roughness was found to be consistent. The film becomes smoother with graphene 
reduction and polymer crosslinking as the phase images clearly show in Figures 3.3(d, f). The 
initial film (see Figures 3.3 (a, b) is wrinkled and rougher. The graphene reduction shrinks GO 
platelets making them thinner due to the partial removal of oxygen-containing groups.115    
 
Table 3.2 List of PVAm/GO films on Si substrate. 





PVAm/GO 29 Polymer/graphene  144 5.75±0.56 
PVAm/rGO 47 Polymer/reduced graphene  146 4.60±0.55 
xPVAm/rGO 42 Crosslinked polymer/ reduced 
graphene  
147 4.38±0.40 
a all multilayer films are bilayer assembly b as defined by the film deposition process 
c thickness was measured using TEM images    d based on 1x1 µm AFM measurements    
 







Figure 3.3 Height and phase images (1×1µm) of multilayer thin films for (a-b) PVAm/GO, 
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The TEM images in Figure 3.4 show the cross-sectional area of the films with a nominal 
thickness of 150 nm. In general, the multilayer thin films are highly ordered with nanoscale 
uniformity, which is an advantage of the LbL technique. It is hard to see the layering in the 
PVAm/GO due to the small contrast between different layers. Once reduced, the layers become 
clear as a result of removing some of the moisture and oxygen-containing groups.115 Interestingly 
once the film is crosslinked, xPVAm/rGO shows less contrast between bilayers than PVAm/rGO. 
Crosslinking tends to oxidize the films again.  
Contact angle (CA) measurements were performed using a water droplet. Figure 3.5 shows 
similar trend to TEM cross-section images. PVAm/GO film shows hydrophilic behavior (CA=85°), 
while PVAm/rGO film shows hydrophobic behavior (CA=97°), and finally xPVAm/rGO exhibits 
more hydrophilic behavior than the original film (CA=70°). Most likely this is due to the fact that 
the hydrophilic glutaraldehyde makes the polymeric crosslinked matrix (xPVAm) more 
hydrophilic, where the rGO is highly immobilized as hydrophobic unit.  
 
  
  (a) (b) 
Figure 3.4 Cross section TEM images for (a) PVAm/GO, (b) PVAm/rGO and (c) 
xPVAm/rGO. 
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(c) 
Figure 3.4 Continued 
 
	
Figure 3.5 Contact Angles of a water droplet for all multilayer thin films. 
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3.3.2 Reduced Modulus and Hardness 
Indentation forces were applied increasingly from 1 to 20 µN using 90-degree cube corner 
tip on different sites for each sample. The indentation depth did not exceed 20% of the thickness 
of the films in all indentation experiments. The 20% thickness is chosen as a limit based on 
previous studies. This is confirmed here as well, where the substrate effect starts to appear deeper 
than 20% of the film thickness.  
Table 3.3 shows the statistical results of the elastic modulus and hardness of PVAm/GO 
films. PVAm/GO has the lowest values for both Er and H. Graphene reduction contributes 
significantly to an increase of 60-70% in both Er and H. Graphene reduction leads to a decrease in 
the interlayer spacing between graphene sheets to about one third (≅0.3 nm) because of fractional 
removal of the oxygen-containing groups, as was proved by XPS and Raman studies (presented 
below).137 This is anticipated to yield an increase in the mechanical properties because of the 
denser structure of graphene sheets. Furthermore, a large aspect ratio of the graphene sheets, and 
a strong interfacial adhesion due to H-bonding between graphene and PVAm layers can explain 
the obtained mechanical properties. PVAm crosslinking show a slight increase in the Er and H 
values when compared to PVAm/rGO. While polymer crosslinking did not show a significant 
effect on the mechanical properties of the films, it is successfully maintaining these properties at 
the same values.  
Representative load-displacement curves for all multilayer layer thin films are shown in 
Figure 3.6. There were no detectable residual indentation marks under this range of indentation 
loads, which indicates no significant plastic deformation during indentation experiments. In 
addition, there was no substrate effect on the Er and H values for the three films within 20% of 
film thickness up to 20 µN indentation force.  
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Table 3.3 Nanomechanical properties of multilayer thin filmsa. 
Film  Er (GPa) H (GPa) 
PVAm/GO 16.08±3.94  1.26±0.307 
PVAm/rGO 25.65±4.50 2.12±0.269 
xPVAm/rGO 26.94±4.96 2.15±0.282 




Figure 3.6 Representative load−displacement curves for single-loading tests of 20 µN 
maximum load on the three different films. 
 
3.3.3 Raman/XPS 
Raman spectroscopy is a non-destructive tool for characterizing graphene. Graphene 
typically exhibits three main Raman active modes, D-band (1300cm-1), G-band (1600 cm-1), and 
two-dimensional modes (not presented here), each having different physical origins.138 Raman 
spectra of PVAm/GO, PVA/rGO and xPVAm/rGO films are shown in Figure 3.7(a), recorded using 
633 nm laser irradiation. The ID/IG ratio is reduced in the case of PVAm/rGO compared to the 
original PVA/GO film. This suggests that new (or more) graphitic domains are formed and the sp2 
carbon species population is increased after the reduction process described above, showing good 
reduction efficiency which is preserved following the crosslinking process.139 
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X-ray photoelectron spectroscopy (XPS) was used to investigate the chemical structure and 
composition of the films and also to confirm the results obtained by Raman. Figure 3.7(b) presents 
the C1s core level spectra of PVAm/GO, PVAm/rGO and xPVAm/rGO films. The C1s spectrum 
of the original PVAm/GO signal shows two distinct peaks. This can be ascribed to the oxygen-
containing functional groups. In particular, contributions from sp2 (284eV), sp3 (284.8 eV), and C-
O (286.8 eV) can be seen.115,140 
After GO reduction the intensity of the peak at 286.8 eV drops, reducing to a shoulder, 
indicating the consumption of the particular oxygen-containing groups during the GO reduction 
process. This also supports the existence of more sp2 carbon in graphite environment, as discussed 
earlier in Raman studies. Also, after reduction of GO, a small peak at 288.2 eV is emerging 
corresponding to C=O chemical species. The CC/CO intensity ratio for the reduced and the 
crosslinked materials is much higher compared to the one for the original film, where CC is the 
summation of C-C and C=C, whereas CO is the summation of all combinations of carbon and 
oxygen atoms. The oxygen containing groups are potential reaction sites for covalent bonding with 
the polymer layer. Though, the oxygen-containing functional groups are removed by thermal 
reduction of GO. In such a way, a restoration of the aromatic network in graphene is taking place. 
Due to the strong π-π interaction between layers of rGO an unavoidable agglomeration can happen. 
Nevertheless, the presence of PVAm, the protonation of which can be tailored through pH 
(polycationic in this study), seems that can tailor the sensitive balance between hydrogen bonding, 
hydrophobic interactions and electrostatic interactions.141  
By comparing the peaks that correspond to the PVAm/rGO and xPVAm/rGO films, a small 
shift from 284.3 to 284.7 eV can be noticed. This corroborates with more oxidized environment in 
the crosslinked film. The intensity of the sp2 carbon peak (~284 eV) is lower, whereas the C-O 
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peak at ~286 eV remains of low intensity, showing the preservation of the reduced environment of 
carbon following crosslinking, possibly because the oxidized carbon species participate in the 
crosslinking with amino groups from the glutaraldehyde agent. 





Figure 3.7 (a) Raman and (b) C 1s XPS (c) N 1s XPS (d) O 1s XPS of the PVAm/GO, 
PVAm/rGO and xPVAm/rGO. 
 
The XPS N1s spectra (Figure 3.7(c)) of the PVAm/GO is a rather broad peak corresponding 
to N species such as R-NH2 (398.6 eV), NH-C=O and/or R-NH-R (400 eV) and R-NH2 (402 eV). 
C	1s		
O	1s		N	1s		
  56 
The N species NH-C=O and/or R-NH-R at 400 eV still exist in the case of PVAm/rGO (reduction) 
and xPVAm/rGO (reduction and crosslinking) at an even higher population as it is designated by 
the higher intensity of the peaks. Thus, a restructuring of the PVAm/GO can be suggested as a 
result of reduction and crosslinking processes.142 This restructuring in PVAm/rGO and 
xPVAm/rGO is most likely due to the fact that covalent bonding is taking place between the two 
components of the multilayer thin film: PVAm and GO. Particularly, the crosslinking with 
glutaraldehyde changes the original PVAm chain by forming covalent bonds at different points of 
the chain and some acetal bridges. This reduces the rigidity of the multilayer thin film. In general, 
due to the crosslinking, there are 3 competitive phenomena: (i) size reduction of the existing 
polymer network due to hydrogen bonding; (ii) chemical network formation with moieties of the 
crosslinker (as seen in N1s XPS peak at 400eV); and (iii) introduction of flexible chain parts due 
to the particular structure of the crosslinker. The crosslinking increases the crystallinity and the 
latter improves the hardness and reduced elastic modulus. 
The O1s core level spectra, shown in Figure 3.7(d), has contributions from oxygen double-
bonded to carbon (O=C, 531.7 eV), oxygen single-bonded to carbon (O-C, 532.5 eV, peak 
maximum), hydroxyl group bonded to carbon (533 eV) and carboxylic group (535.3 eV).142 The 
C-OH and carboxylic (OH-C=O) group species appeared to be of higher concentration after 
reduction and crosslinking processes.  
3.3.4 Nanoscratch 
Scratch experiments were carried out using low (25 and 100 µN) and high (300 and 1000 
µN) normal loads, to capture different friction regimes and deformation mechanisms. In its 
simplest form, friction consists of two parts: adhesive and plowing friction (see Equations 4, 5 for 
plowing friction for a spherical asperity). Besides adhesion and plowing, elastic deformation and 
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hysteresis play a role with scratching polymers.127,143. For 25 µN normal load experiments, there 
was no visible scratch after each experiment and thus elastic recovery is estimated to be 100 % for 
all films. Table 3.4 shows the results of these experiments. The adhesive part of the friction 
coefficient (𝜇E) dominates and it is higher in the case of PVAm/GO. Adhesive friction results in 
shear failure of asperities. For the scratch depth and friction coefficient, they decrease with 
graphene reduction and polymer crosslinking possibly due to denser and more immobilized 
structure (as described earlier). Also, the friction coefficient drop could be attributed to the increase 
of sp2 carbon species following the reduction process. In addition, the reduction of oxygen species 
was found in the case of rGO films. This deoxygenation corroborates with a lower surface energy 
leading to lower COF (supported by the XPS and Raman studies).  
The 100 µN normal force scratch experiments, result in residual scratch depths, which are 
measured using the same tip. The PVAm/GO shows twice higher 𝜇 compared to xPVAm/GO. This 
increase in friction could be due to two reasons:  
First, plowing friction is also involved in this case. Plowing friction takes place when a 
harder asperity plows a softer surface. For a scratch of a spherical asperity, ploughing friction 
coefficient (𝜇Y) equals: 
 
Ploughing friction coefficient (𝜇Y) = 0.6× a` 	𝑜𝑟	 7)S × <a (4) 
In a simplified form, the total friction coefficient (𝜇) ≈ 𝜇E + 𝜇Y (5) 
 
where R is the tip radius (R=870 nm), 2r is the in-situ groove width and h is the in-situ 
scratch depth (see Table 3.5).144 Since R>>h and h is similar for the three films, the plowing friction 
component ranges from 𝜇Y =	0.145 for PVAm/GO to 𝜇Y =	0.136 for xPVAm/rGO. The total 𝜇 for 
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xPVAm/rGO is similar to 𝜇Y, which indicates a small adhesive part. However, the total 𝜇 for 
PVAm/GO and PVAm/rGO is higher, this suggesting higher adhesive friction for these films.  
Second, PVAm/GO exhibits lower residual depth and higher elastic recovery for this force 
range due to the high influence of elastic deformation and hysteresis (known as elastic limit) on 
the scratch behavior. Even though, PVAm/rGO and xPVAm/rGO are easier to initiate a scratch 
with lower elastic recovery for this load range, they maintain a stable scratch, particularly in the 
case of xPVAm/rGO film. This is most likely due to the stiff and dense structure of the film 
following reduction and crosslinking. Figure 3.8 shows the influence of the elastic deformation 
mechanism in the three films. The scratch is hardly visible in the case of PVAm/GO because of the 
high recovery. This suggests that PVAm/rGO and xPVAm/rGO show more plastic deformation 
than the original film, PVAm/GO. 
 
Table 3.4 25µN constant load scratch experiments.  
Film 
In-Situ Scratch 
Depth (nm)  
Residual Depth (nm) Recovery  
Friction Coefficient  
PVAm/GO 25 0 100% 0.80 
PVAm/rGO 18 0 100% 0.52 
xPVAm/rGO 15 0 100% 0.35 
 
 




Residual Depth (nm) Recovery Friction Coefficient 
PVAm/GO 51 3 95% 0.25 
PVAm/rGO 47 18 62% 0.19 
xPVAm/rGO 45 10 78% 0.13 
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(a) (b) (c) 
Figure 3.8 Residual scratch images (10x10 µm) for (a) PVAm/GO (b) PVAm/rGO (c) 
xPVAm/rGO after 100 µN scratch (dashed lines show the start of the scratch). 
 
To gain insight in the wear and delamination behavior of the films, ramp load scratch 
experiments were also performed. Each experiment consists of an initial scan for topography (pre-
scan), then the normal load is increased linearly (ramp load), and finally a post scan is performed 
to measure the residual scratch depth. Once the test is completed, the residual scratch image is 
scanned using the same tip. Figure 3.9 shows the scratch profiles obtained for the multilayer thin 
films.    
There are three scratch regimes, which a material can exhibit under combined loading: 
elastic contact, plastic deformation (plowing) and severe deformation with wear debris. The elastic 
contact dominates the behavior of PVAm/GO film (see Figure 3.9(a)). Therefore, the film only 
exhibits the first regime. Once a critical load is reached, this film experiences delamination and 
material transfer. The material transfer ahead of the tip is due to elastic deformation (hysteresis), 
which occurs in polymers due to their viscoelastic nature.112 PVAm/rGO and xPVAm/rGO films 
experience plowing deformation as the post-scan shows residual deformation in Figures 3.9(b, c). 
Crosslinking tends to recover most of the scratch depth and the plowing part of friction is well 
maintained till the end of the applied normal load. The xPVAm/rGO film is the only film that does 
not exhibit a surface rupture and only has material transfer at the end of the applied scratch. The 
results of Figures 3.9 (a, c) agree with the findings of the constant load scratch experiments (see 
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Figure 3.8 and Table 3.5).  
Material pile up takes place in all graphene reinforced PVAm films because of the weak 
GO interfacial bonding, which causes the material build up in front of the tip and due to the 
polymer molecular mechanisms such as crazing, where new surfaces are created as a result, and 
higher entanglement density around the indentation site.127  
Figure 3.9(d) shows the in-situ normal displacement as a function of applied normal load. 
Once increasing the applied load, the PVAm/GO film shows transition in the frictional behavior 
reaching delamination. The normal displacement of PVAm/GO film drops faster than the other 
two films where the first drop is due to the elastic deformation in the film. The other two films did 
not reach delamination under this normal scratch force.   
 
  
(a)  (b) 
Figure 3.9 Scratch profile for (a) PVAm/GO (b) PVAm/rGO (c) xPVAm/rGO with a normal 
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(c) (d) 
Figure 3.9 Continued.  
 
Residual scratch images and cross section residual depth are shown in Figure 3.10 for all 
multilayer thin films studied herein. Clearly, there is a major difference between the three films. 
The original film, PVAm/GO shows faster growth in the scratch width ending with a surface 
failure. The material transfer (380 nm) ahead of the tip is more than twice the film thickness. This 
is due to the creation of new surface on the sides of the scratch groove with a smaller stress 
magnitude than beneath and ahead of the tip, which are under high hydrostatic/ compressive stress. 
Therefore, the post recovery is smaller in the sides of the groove.112 PVAm/rGO shows smaller 
residual depth and width of the scratch groove. However, it experiences material transfer on the 
sides and at the end of the groove. The xPVAm/rGO film shows the highest scratch resistance with 
the smallest groove and no visible residual material transfer/pile-up. The elastic recovery is higher 
for PVAm/rGO and xPVAm/rGO films and particularly for the later.  
The improved scratch behavior of PVAm/rGO and xPVAm/rGO films is due to: (1) film 
with higher hardness (70% increase) is expected to show better scratch resistance,145 (2) plowing 
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higher plowing friction, (3) PVAm/GO film has a dominant π–π stacking bonding, while the 
PVAm/rGO and xPVAm/rGO films have stronger covalent bonds,146 (4) higher density of layers 
after graphene reduction where GO layer is becoming more dispersed (less aggregated), which is 
essential for better load transfer to the PVAm matrix from graphene fillers, (5) smoother surface 
because of the increase of sp2 carbon species (XPS and Raman studies) and (6) according to the 
N1s XPS, functionalization of GO with PVAm took place. The linkages of the GO with the PVAm 




Figure 3.10 Residual scratch images for (a) PVAm/GO, (b) PVAm/rGO, (c) xPVAm/rGO (d) 
section profiles along the residual scratch grooves for all films showing delamination/pile-up 
near the end of the scratch. 
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3.3.5 Film Delamination 
Reduced elastic modulus, hardness and friction coefficient have been used to evaluate the 
mechanical properties of film/substrate assemblies. To further evaluate the effectiveness of this 
thin film system, quantitative analysis is also performed. Ramp-load scratch experiments can be 
used to initiate film delamination. The scratch force is increased linearly to reach the critical load 
(Pc). Pc is defined as the load required to rapture/ delaminate the film and identified by a sudden 
change in the normal displacement.126 The critical load can be used to measure the shear and 
adhesive strengths at the coating-substrate interface. Interfacial stress transfer is an important 
factor to study.147 1 mN Ramp load scratch experiments were carried out to extract these properties. 
This scratch force was found to be sufficient to cause coating removal for the three films. To 
confirm these findings, the experiments were performed 10 times each and the results were found 
to be repeatable.               
Figure 3.11 depicts COF and normal displacement as a function of normal scratch force. 
The films exhibit similar COF for normal forces higher than 600 µN as they reach the substrate 
properties due to the coating removal. Ciritical load and friction cofficient are labeled in Figure 
3.11(a, b). 
The fluctuation in the friction coefficient (see Figure 3.11 (b)) is due to stick-slip motion 
(also known as Schallamach waves),148 which is a typical phenomenon when scratching polymers 
due to the large elastic and viscoelastic deformation. The amplitude of fluctuations is lower for 
xPVAm/rGO, compared to the other two films. Therefore, it shows less rubbery behavior 
(viscoelastic behavior) and more ductile behavior than the other films. The stick-slip motion is a 
function of adhesive or interfacial friction. Therefore, PVAm/GO is expected to show higher stick-
slip motion and more material transfer due to high adhesive friction.   





Figure 3.11 (a) In-situ normal displacement and (b) coefficient of friction as a function of 
scratch normal force up to 1 mN for all multilayer thin films. 
 
The residual scratch width is extracted from SEM images once the critical load is reached 
(see dashed lines in Figures 3.12 b, d, f). PVAm/GO experiences side surface raptures and fast 
widening in the scratch groove and more material pile up ahead of the tip due to stick-slip motion. 
Also, film delamination happens earlier than the other two films. The scratch groove width at the 
start of the scratch experiment is ranked from smallest to largest as we move from the xPVAm/rGO, 
to PVAm/rGO to PVAm/GO. Particularly xPVAm/rGO film has a groove much smaller than the 
tip radius. This is an indication of instantaneous elastic recovery, which reduces the groove width 
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the tip radius. Thus, it shows little or no elastic recovery.   
Table 3.6 summarizes the failure/ delamination properties for these films. Using Equations 
2 and 3, 𝜎E and 𝜏- are calculated. Adhesive and shear strengths are 138% and 48% higher for the 
xPVAm/rGO film than the PVAm/GO original film. The improvement of adhesive strength is due 
to graphene reduction. Crosslinking yields substantial improvement in the shear strength. A 
possible explanation is considering that failure is happening through cavities formation. Once 
cavities are formed, the stress is sustained by fibrils, a phenomenon very much alike the crazing 
in polymers. Graphene oxide increases the stiffness and the strength of the polymer, resulting in 
cavity formation at higher values of stress, whereas fibrils are becoming more resistant to 
deformation. Also, the covalent bond between rGO and xPVAm and a possible entanglement of 
xPVAm chains happening during the crosslinking may enhance the stress transfer and shear 
strength. Shear strength of all PVAm/GO films is comparable to ultra-hard ceramic coatings such 
as HfB2 on silicon (𝜏-=4.3 GPa).126 However, the adhesive strength is much smaller due to the 




Figure 3.12 AFM and SEM residual scratch images for (a-b) PVAm/GO, (c-d) PVAm/rGO 









Figure 3.12 Continued. 
 























PVAm/GO 250 50 0.35 0.13 4.22 1.19 
PVAm /rGO 450 140 0.25 0.29 5.66 0.82 
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3.4 Summary of Chapter 3  
Polymer/graphene multilayer thin films are a favorable material choice for many 
applications due to their attractive characteristics. One challenge is to make durable and strong 
thin films with strong adhesion to the substrate. Graphene’s common drawback of weak interfacial 
bonding, which leads to weak adhesion and coating failure, has been successfully overcome in the 
present study. To do so, graphene reduction and polymer crosslinking were added to the synthesis 
process and their impact on the mechanical properties of PVAm/GO films was investigated.  
Nanoindentation and nanoscratch techniques were used to measure the mechanical 
properties of these films, and Raman and XPS techniques were employed to explain the chemical 
structure of the films following the aforementioned processes. In particular, Raman and XPS 
studies showed the existence of more sp2 carbon in graphite environment after GO reduction and 
GO reduction followed by crosslinking. Also, after reduction of GO, a small peak at 288.2 eV 
emerged corresponding to C=O chemical species. The CC/CO intensity ratio for the reduced and 
the crosslinked materials is higher compared to the original film, where CC is the summation of 
C-C and C=C, whereas CO is the summation of all combinations of carbon and oxygen atoms. 
Graphene reduction leads to an improvement of 60-70% increase in the mechanical 
properties (reduced elastic modulus and hardness) and 120% increase in the adhesion strength 
compared to the unreduced PVAm/GO films. Crosslinking PVAm units using glutaraldehyde, 
results in improvement of the tribological behavior, namely 50% reduction in the friction 
coefficient, 50% increase in the shear strength, high elastic recovery and less scratch visibility. 
Crosslinking increases the interfacial interaction between the polymer matrix and the organic filler, 
graphene. Here, the interfacial adhesion between the PVAm/GO and Si substrate is studied. Further 
studies are required to understand how the layer thickness of LbL deposition, the substrate hardness 
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and the interfacial adhesion between coating layers influence the mechanical properties and scratch 
resistance.  Graphene reduction and polymer crosslinking leads to more durable and stronger thin 
polymer films. When combined with other characteristics of polymer crosslinking and graphene 
reduction such as better chemical resistance, smoother surface, improved thermal stability and 
electrical conductivity, these two techniques can improve the surface reliability of 
polymer/graphene nanocomposites, thus making them potential candidates for applications where 
resistance to mechanical contact and scratch is required. Next chapter extends in the role of 
polymer crosslinking in the self-healing mechanism of all-polymer multilayer thin films.  
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4 IN SITU NANOMECHANICAL BEHAVIOR AND SELF-HEALING RESPONSE OF 
POLYMERIC MULTILAYER THIN FILMS* 
 
4.1 Introduction 
Living organisms such as human skin have the fascinating property of self-healing, and 
this has inspired innovative ideas by the scientific community towards the design and fabrication 
of elegant materials, which demonstrate self-healing capability.149 A self-healing material has the 
ability to heal damage and restore its properties, mainly mechanical properties.150 Such a property 
has made them attractive candidates for many applications, including optics,151 catalysis,152 gas 
barriers,153 electronics,154 membranes,155 corrosion resistance,156 and electrodes for lithium ion 
batteries.157 There are two types of self-healing materials: extrinsic and intrinsic, based on how the 
self-healing is stimulated.158 Examples of extrinsic self-healing includes healing agents or 
nanoparticles,159 which are embedded in the assembly of the coating, and can undergo phase 
separation. However, these particles or healing agents have a limitation to continue to heal the 
same area over a cycle of damage without re-supplying additional healing agents through spray or 
deposition.160  
Alternatively, intrinsic self-healing is a property of many materials, including some 
polymers, which can repair themselves. This can take place using reversible chemical bonds either 
within the polymer matrix, or with physical interaction with certain surrounding environments.161 
The first is known as autonomic and the latter as non-autonomic self-healing, since it requires to 
have an external stimulus such as light, humidity and heat.162,163 The autonomic self-healing has a 
																																																						
*Reprinted with permissions from “In Situ Nanomechanical Behavior and Self-Healing Response of 
Polymeric Multilayer Thin Films.” by Humood, M.; Polychronopoulou, K.; Song, Y.; Grunlan, J. C.; 
Polycarpou, A. A. Polym. (United Kingdom) 2017, 131, 169–178. 
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limitation to certain chemical reactions and typically the dangling chains interact with one side of 
a deep scratch and not across the gap.164 This would lead to a partial self-healing, as compared to 
complete self-healing. On the other hand, non-autonomic self-healing such as immersing the 
polymer in water leads to quick full recovery of a damaged area due to the fact that the polymer 
matrix turns to a hydrogel.165 Hydrogels are crosslinked 3D polymer networks, which are swollen 
with water.166 Likewise, heating the polymer over its glass transition (Tg) allows the material to 
rearrange itself to heal a damage.167 
Different synthesis methods were developed to fabricate healable polymeric films such as  
chemical grafting and layer-by-layer (LbL) assembly.168,169 The fabrication of the films through 
layer-by-layer (LbL) assembly is well-established, where the polyelectrolytes exhibit high chain 
mobility when subjected to external stimuli.170,171 This allows the polymeric chains to reshuffle 
and initiate self-healing. Due to the high diffusion rate, free volume increases, whereas low values 
of Young’s modulus are reported for the same reason.  
The precise measurement of the mechanical properties for the self-healable films are of 
significant interest to better understand and improve the self-healing process.172–175 Indeed, the in 
situ characterization of submerged samples in liquid media is essential for biological and soft 
samples, such as hydrogels and tissues, and it is known as in-vitro characterization.176 Similarly, 
immersed polymers are interlinked with water molecules and therefore, their properties are 
expected to be different than in the dry ambient condition.177,178 Water adsorption of polymers 
results in effects such as plasticization, leaching of unreacted functional groups, structural damage, 
chemical degradation, and oxidation.179,180 Therefore, the changes in the mechanical properties due 
to humid environments are important. For example, Nylon 6, due to its polar nature, absorbs water, 
which results on a plasticization due to a decrease in hydrogen bonds in the amorphous part of the 
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polymer.181,182 In addition, water is known to be a strong plasticizer of polyelectrolyte 
complexes.183 
Nanoindentation has been widely used to extract the mechanical properties for polymeric 
multilayer thin films.111,127,184,185 However, limited measurements have been reported regarding the 
effect of swelling in solutions such as water and the liquid-solid interface.49 Little attention has 
been paid to measure the in situ mechanical changes of polymers once being immersed in water. 
In addition, most of the literature, which reported measurements of reduced modulus for polymeric 
films in wet conditions, were done using AFM nanoindentation.186–189 AFM nanoindentation is 
less accurate than direct force/displacement measurements using instrumented nanoindentation 
techniques, due to the change in the shape of AFM cantilevers during experiments, which leads to 
significant errors in the measured modulus.190,191 
The physical models for the chain relaxation of multilayered LbL-assembled films such as 
PEI/PAA under different stimuli have been shown in earlier works and by others in the 
literature.192,193 In this work, we report precise measurements of reduced modulus and hardness 
for a self-healing polymeric multilayer thin film, PEI/PAA under dry and high humidity conditions. 
The measurements were performed using wet nanoindentation technique. The water was found to 
have two coupling effects on the thin film, which were studied herein: (1) the coupling effect of 
water and swelling behavior of the polymer and (2) the coupling effect of water and surface 
roughness. The first effect is found to be reversible once the polymer is dried (de-swelled) at room 
temperature (RT) conditions for 24 h. The second effect required additional heating to restore the 
surface roughness of the as-deposited film. Therefore, HT nanoindentations were also carried out 
to better understand the in situ changes during the heating process.  
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4.2 Experimental Section  
4.2.1 Materials and Processing 
Multilayer thin films were prepared using alternating deposition of LbL assembly method. 
Both branched PEI (Mw≈25,000 g/mol, ρ=1.10 g/cm3) and PAA (Mw≈100,000 g/mol, ρ=1.20 
g/cm3) were obtained from Sigma-Aldrich (Milwaukee, WI). PEI acts as a cationic polymer and 
was dissolved in DI water to create a 0.1 wt% solution, while PAA acts as an anionic polymer and 
was prepared as 0.2 wt% solution in DI water. The pH of PEI and PAA solutions were adjusted to 
10 and 4 using 1 m HCl and 1 m NaOH, respectively.  
Single-side polished (100) silicon wafers (University Wafer, South Boston, MA) were used 
as substrates for deposition and nanomechanical testing. Silicon wafers were cleaned using piranha 
solution. They were cleaned again with acetone and DI water before use. Caution: Piranha 
solution should be handled with care since it reacts violently with organic materials. 
LbL deposition was carried out using a home-built robotic dipping system. For the first 
bilayer cycle, the Si substrate was dipped into PEI and PAA solution for 5 minutes each. Between 
both dipping steps, the sample was rinsed with DI water and dried with filtered air. The rest of the 
deposition cycles were similar but with 1 min dipping in both solutions. Eight bilayer deposition 
cycles yielded a PEI/PAA multilayer thin film of 700 nm thickness. The film thickness was 
measured using a P-6 Stylus Profiler (KLA-Tencor, Milpitas, CA). In situ film thickness under wet 
and HT conditions were measured in an earlier work.153 Immersing the film on DI water increased 
the film thickness by 52%, while, heating the wet film at elevated temperature restored the original 
film thickness. The period of self-healing was set to 24 hr in this study, however a 10-min period 
was found sufficient to heal the mechanical damage of 8 bilayers of PEI/PAA thin film.194  
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4.2.2 In Situ Wet/High Temperature Nanoindentation 
In order to understand the changes in the mechanical behavior of these thin films during 
each step of the self-healing process, in situ nanomechanical testing was used to measure the 
changes in the mechanical properties. A Berkovich fluid cell probe with a tip radius of 150 nm was 
used for all experiments at RT. A fluid cell probe has an extended shaft of additional 4 mm, 
compared to a standard Berkovich probe and a thicker shaft diameter to reduce the influence of 
water forces. This was designed as such in order to help reduce the meniscus forces in water. 
Therefore, the probe could penetrate the water and stop at the surface of the sample once contacted. 
In addition, the longer shaft is expected to prevent the housing of the transducer or the piezo 
scanner from contacting the water or the container’s walls. A special stage made of Teflon was 
used for wet nanoindentation. The sample was sandwiched between the top and bottom of the 
stage. An O-ring was used to seal the sample and four screws were used to tighten the top and 
bottom parts of the stage. Figure 4.1(a) shows a schematic for the wet nanoindentation setup. 
For submerged experiments, the film was immersed in DI water for 24 hours before 
carrying out the experiments. This allowed the swelling behavior to stabilize. The experiment 
started with the probe out of contact with the sample or water. In order to determine the contact 
point of the sample, the probe was lowered slowly using a 15 µN setpoint force. Once the surface 
was found, the setpoint force was lowered to 2 µN, and the tip was moved to a new position before 
the start of experiments. Before each experiment began, a holding segment of 20 s was used to 
reduce drift. Then, the probe was lifted 180 nm out of contact and penetrated slowly back to help 
identify the starting contact point in the load-displacement curve. For nanoindentation of dry 
samples, a smaller lift height of 25 nm was found to be sufficient.  
Once all wet nanoindentation experiments were performed, the thin film was placed to dry 
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for 24 hours at RT conditions in a dry-box desiccator. Then, it was dried in a vacuum oven at	120	℃ 
for 24 h. HT drying was found essential to reconstruct the surface roughness of the multilayer thin 
film. To simulate the HT drying process, HT nanoindentation experiments were done. A similar 
Berkovich tip in terms of shaft length and tip diameter was used, but this time with a special 
ceramic holder to reduce thermal drifts. Nanoindentation depths for all experiments were kept in 
the range of 40-120 nm (5-15% of the film thickness). The heating stage, xSol (Bruker, 
Minneapolis, US), has a fast PID control, 4 temperature sensors, dual resistive heating elements 
and DI water cooling system to achieve fast heating/cooling, and uniform heating on the surface 
of the sample. The sample was sandwiched in a thermally stable microenvironment which was in 
the presence of a gas mixture of 5% Hydrogen and 95% Helium to reduce oxidation at elevated 
temperatures (See Figure 4.1(b)).   
The mechanical properties were measured using a commercial indenter, TI Premier 
(Bruker, Minneapolis, US), and the experiments were carried out using load-control mode. To 
reduce the creep deformation, various holding segments and rates of loading and unloading were 
carried out. For all experiments, 5 s time periods for loading and unloading and 2 s dwell time at 
maximum nanoindentation load were used. The hardness (H) and reduced elastic modulus (Er) 
were obtained from the first one-third of the unloading curve according to the Oliver and Pharr 
method, which was found to be applicable as well for submerged experiments.64  
The nanoindentation calibration for different Berkovich probes was provided in the 
supporting information. In addition, a proof of concept for wet nanoindentation was provided for 
fused Quartz (FQ) and Si samples, which are insensitive materials to DI water. Figure 4.2 and 
Table 4.1 showed that both samples had similar properties in dry and submerged conditions. The 
is due to FQ and Si being both smooth samples, and known to be non-reactive with DI water at 
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low temperatures and low pressures. Furthermore, representative load-displacement curves were 
provided for Si substrate for submerged and HT conditions in Figure 4.3. HT nanoindentation 




Figure 4.1 Schematics of (a) wet nanoindentation setup and (b) HT nanoindentation setup. 
	
4.2.3 Nanoindentation Calibration 
The indenter probe was calibrated using a standard fused quartz (FQ) sample. The 
calibration was performed under room temperature dry (25% humidity) and submerged condition 
in DI water (100% humidity). Since FQ sample is water-insensitive, both conditions give similar 
mechanical properties. Once the area function was calibrated according to the Oliver-Pharr 
method, additional experiments were carried out on the silicon sample (Si). Figure 4.2 shows the 
residual nanoindentation images for FQ and Si samples in both dry and wet conditions. These 
residual nanoindentation’ marks were found to be similar for both samples under both conditions. 
A series of 20 nanoindentations were carried out to determine the mechanical properties, which 
are reported in Table 4.1. The Si sample shows slightly lower properties in submerged condition 
due to the formation of a thin protective layer of silicon dioxide. The effect of water molecules is 
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to decrease the variability of the mechanical properties in submerged conditions for the silicon 






Figure 4.2 Residual indentation images (2x2 µm2) for (a) FQ standard sample, (c) Si 
sample under dry condition, and for (b) FQ, (d) Si under submerged condition in DI water. 




Table 4.1 Nanomechanical Properties of FQ and Si samples under dry and submerged 
conditions.  
Sample  Er (GPa)/ Dry Er (GPa)/ Submerged H (GPa)/ Dry H (GPa)/ Submerged 
FQ  69.64±0.89 68.90±2.00 8.68±0.25 8.71±0.63 
Si 163.14±10.78 161.77±2.41 13.33±0.68 12.61±0.44 
 
  77 
  
(a)  (b)  
Figure 4.3 Load–displacement curves for silicon sample for (a) Submerged condition in DI 
water (b) High temperature condition (𝑇 = 120	℃). 
	
4.2.4 Microscratch 
To demonstrate the self-healing property of PEI/PAA thin films, a 2D force transducer was 
used with the same TI Premier indenter to scratch the thin film. A diamond conospherical probe 
with tip radius of 4.3 µm was used to scratch the multilayer thin films. The normal ramp scratch 
force was 10 mN and the scratch length was set to 600 µm. The scratch experiments were repeated 
5 times, to ensure repeatability.  
4.2.5 Atomic Force microscopy (AFM) 
The changes in the surface roughness were measured using a Dimension Icon AFM 
(Bruker, Billerica, MA). AFM tapping mode was used. The scan rate is set to 0.5 Hz with 512 
samples per line. AFM silicon tip with a nominal tip radius of 8 nm, force constant of 5.4 N/m and 
resonance frequency of 150 kHz was used. For AFM liquid imaging, the AFM mode was changed 
to ScanAsyst-Fluid, and a silicon-nitride tip was used instead with a smaller force constant of 0.7 
N/m to protect the soft polymer sample and tip from damage.     
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4.2.6 FTIR 
A Thermo Nicolet 380 FTIR spectrometer was used to obtain FTIR measurements. The 
diamond tipped attenuated total reflection stage was utilized to obtain the spectra for all thin films. 
The background data was collected first and then subtracted from all measurements. The spatial 
resolution was 4 cm-1 and the number of scans was 64. 
4.2.7 XPS 
XPS studies were performed using an Omicron ESCA system equipped with a 
monochromatic MgKα X-ray source (1253.6 eV) and operated at 300 W. Samples were analyzed 
under vacuum (P < 10−8 Torr), whereas survey scans and high-resolution scans were collected 
using pass energy of 40 eV. Binding energies were referred to the C 1s binding energy at 284.6 eV.  
4.3 Results & Discussion 
4.3.1 Self-Healing 
To demonstrate the self-healing property for PEI/PAA films using humidity as a stimulus, 
microscratch experiments were carried out to make scratches on the coating surface. The films 
were scratched with an increasing normal force up to 10 mN. This maximum force was chosen, 
because it initiated delamination of the thin film. This helps to identify the location of scratches 
after self-healing, as the thin film would not heal upon a complete removal. The 10 mN normal 
force yielded scratches with average depth and width of 645 nm and 4.8 µm, respectively. The 
delamination took place in the last one third of each scratch. The scratches before self-healing are 
shown in Figure 4.4(a) using optical microscopy. After scratch experiments were carried out, the 
film was submerged in DI water for 24 hours to activate the self-healing property of the thin film. 
Subsequently, the film was removed from DI water and left to dry in a dry-box desiccator for 
another 24 h. The film after self-healing was scanned again using SEM, and it showed a complete 
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recovery of the damaged area due to the scratch, as shown in Figure 4.4(b). Figures 4.4(c-f) show 
the scratches at the beginning and end points before and after self-healing. These images were 
taken using JSM-7500F (JEOL USA, Peabody, MA) scanning electron microscope (SEM) after 








Figure 4.4 Optical images of micro-scratches (a) before and (b) after self-healing. SEM 
images for the start and end of the scratch (c, d) before and (e, f) after self-healing. 
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4.3.2 Surface Roughness 
Film surface roughness was measured using AFM. Four measurements were performed 
and the average values of Rq roughness are provided in Table 1. The AFM height roughness images 
are shown in Figure 4.5 for the as-deposited, submerged, and after-heating films. Initially, the 
surface of PEI/PAA film was rough showing deep pores/voids, which is typical for a polymeric 
multilayer thin film.111 Once submerged in water for a day under a humidity condition of nearly 
100%, the surface topographical features were swollen with water leading to a drop of Rq 
roughness to 1.4 nm (see Figure 4.5). Some of the water was diffused into the film (known as 
swelling water) and the rest was immobilized or confined at the rough surface layer (known as 
void water). After drying the film at RT, the Rq roughness remained similar to the submerged film. 
This was likely because the hydrophilic PEI/PAA film kept the void water, which filled the pores 
or free volume. These pores were initially filled with air in the as-deposited film.195,196 Other 
researchers have reported that the hydrophilic PE film still had as much as 7% water in the voids 
inside the film after drying at room temperature.197 To restore the original roughness, the film was 
dried at a temperature higher than its glass transition (Tg≈100	℃)46 in a vacuum oven for 24 hours. 
Roughness measurements were carried out afterwards and found to be similar to the as-deposited 
film (see process step 5 in Table 1). Heating at 120	℃ forced the void water to evaporate, leading 
to a restoration of the roughness features. Therefore, the Rq roughness was recovered by annealing 
the film at HT. Note that the roughness measurements in step 4 were performed using the 
nanoindenter probe, which has a larger tip radius than the AFM probe.  
However, the recovery of surface roughness after heating and the water removal did not 
yield a roughness identical to the as-deposited film. The thermally activated drying resulted in the 
growth of the peaks followed by a coalescence of these peaks. The film decreased its total free 
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energy by reducing the tension of these features (peaks or voids). Therefore, these coalescences 
were dominated by shear between the lamellae.198 In addition to diffusion driven-process, heating 
the film resulted in a thermal crosslinking of amine groups from PEI and carboxylic acid groups 
from PAA, which led to a smoother overall surface.199  
 
 
Figure 4.5 Height AFM images (5×5 µm2) of the as-deposited, submerged and after-heating 
PEI/PAA films. 
 
Table 4.2 AFM roughness, and nanomechanical properties of PEI/PAA films.  
# Process Step Humidity Rq Roughness (nm) Er (GPa) H (GPa) 
1 As-Deposited ~25% 31.8±1.9 14.80±3.12 0.44±0.11 
2 Submerged ~100% 1.4±0.1* 0.54±0.12* 0.03±0.01* 
3 Dry  ~25% 1.3±0.2 14.98±0.94 0.44±0.06 
4 Heating  <5% 6.8±0.3* 22.66±1.44* 0.76±0.02* 
5 After-Heating  ~25% 29.2±3.4 18.47±1.15 0.57±0.03 
*In situ measurements using either wet or HT AFM/nanoindentation  
 
To demonstrate the in situ recovery of roughness features, roughness height images were 
obtained before and during the in situ HT nanoindentation (see Figure 4.6). The surface roughness 
was scanned initially at RT after drying the thin film (step 3). Then, the film was heated to a 
temperature of 120	℃. Once heating reached a steady state after 15 min, the same surface 
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roughness was scanned again at high temperature. The growth of peaks or pores was captured 
during this process with an increase in the Rq roughness to 6.8 nm. For a full reconstruction of 
peaks, the sample was heated for a longer annealing time such as 24 hours.  
 
 
Figure 4.6 AFM roughness images (5x5 µm2) for PEI/PAA film before and during heating 
(step 3 and 4 respectively in Table 1). Images were taken using the Berkovich HT probe. 
 
4.3.3 Reduced Modulus and Hardness: 
The mechanical properties were measured during each step of the healing process, and they 
are provided in Table 1. Humidity measurements were estimated for every process step similar to 
the conventions used in the literature.183 For the as-deposited film, the mechanical properties and 
roughness measurement of 8 bilayers of PEI/PAA were similar to the ones reported in the literature 
for this thin film under similar conditions.111 Once immersed in DI water (~100% humidity), the 
thin multilayer film became much softer, where roughness, modulus and hardness were reduced 
by about 100%. This is due to the plasticization of the PEI/PAA, where the water molecules broke 
the bonding between PEI and PAA. The hydrophilic film was swollen with a behavior similar to 
hydrogels. The internal ionic bonds were controlled by ionization ratio and charge density, which 
changes in water. This resulted in the breakage of the ionic bonds lowering the activation energy 
for diffusion, which allows the polyelectrolyte chains to shuffle freely.200,201 
The film was left to dry overnight in a dry ambient room (see process step 3 in Table 1). 
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Once dried, the mechanical properties were found to be similar to the as-deposited film but with 
lower standard deviation for both the reduced modulus and hardness values. The ionic and 
hydrogen bonding were both recovered once dried in air, which led to the increase in the stiffness 
of the film again.74,202 The lower standard deviation was due to the film surface becoming 
smoother, which reduced the deviation in the measurements.  
Then, HT nanoindentation was carried out to better understand the recovery of the 
roughness mechanism using high temperature drying. Heating the polymeric film was found to 
increase its reduced modulus and hardness by 50 and 70%, respectively. This improvement was 
due to the following reasons: (1) the surface chemical reactions and molecular rearrangement (as 
indicated by XPS later). (2) The reduction of the free volume leading to a restricted motion of the 
polyelectrolyte chains (denser structure). (3) The thermal crosslinking and formation of new 
covalent bonding.203 Once, the polymeric film was cooled down to RT (see process step 5 in Table 
1), its mechanical properties were reduced but remained higher than as-deposited film. This 
showed that this enhancement, which took place during the heating treatment, was permanent.  
Figure 4.7 shows the capillary forces in the force-displacement curve for different steps 
(below zero). A higher lift height of 180 nm was required to precisely find the contact point of 
load-displacement curve for the submerged sample. In the case of the RT and HT experiments, a 
lower lift height of 25 nm was sufficient to determine the zero-contact point in the load-
displacement curve.  





Figure 4.7 An illustration for how to define the zero point in the load-displacement curve for 
PEI/PAA film under (a) Submerged condition (b) Heating condition. 
 
The load-displacement curves in Figure 4.8 shows two opposite trends for the film during 
the in situ submerged and the HT experiments, as compared to the as-deposited film. In case of the 
submerged experiment, the film was much softer, while it became harder to penetrate at HT. The 
opposite trend was due to the changes in the free volume between both the submerged and HT 
It is important to 
lift the indenter 






Forces exerted by 




It is easier to 
determine zero-point 
contact in the HT 
nanoindentation. A 
lift height of 25-nm 
was sufficient 
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conditions. Immersing the film in DI water yielded an enlargement of free volume, while heating 
the film resulted in a reduction of free volume and a higher densely packed molecular 
arrangement.204–206 Therefore, the amount of free volume of a polymer was found to be closely 
linked to the mechanical properties of PEI/PAA thin film. The hydrophilic PEI/PAA film, when in 
contact with water, expands. The breakage of bonding enhanced the mobility of the chains 
(diffusion) and hence the stiffness.192,193 Figure 4.9 provides additional load-displacement curves 





Figure 4.8 Representative comparative load-displacement curves for the thin film during 
(a) as-deposited and submerged and (b) as-deposited and heating. 
 
 





Figure 4.9 Load–displacement curves for the (a) as-deposited (b) submerged (c) heating 
PEI/PAA films. 
 
Figure 4.10 shows the residual nanoindentation marks and profiles for the self-healing steps 
using a maximum nanoindentation force of 2 mN. The residual nanoindentation mark was 
surrounded by rough features for the as-deposited film. Immersing the thin film in DI water made 
the nanoindentation area about eight times bigger with a residual nanoindentation depth almost 
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twice than that of the as-deposited film. The bigger residual nanoindentation mark was due to both 
the softening of the polymer, as discussed earlier, and the rough surface of the as-deposited film, 
where liquid molecules were confined in the narrow valleys of the surface roughness leading to a 
larger nanoindentation depth.207 Drying the film at RT made the contact area and depth smaller, 
but it still remained larger than the as-deposited film. In situ HT nanoindentation showed the in 
situ formation of topographical features. The nanoindentation residual area became as small as the 
as-deposited film, but with lower residual depth due to the film becoming stiffer and harder to 
penetrate. The after-heating film resembled the behavior of as-deposited film with minor 






Figure 4.10 Residual 2mN nanoindentation images (5x5 µm2) for the (a) as-deposited (b) 
submerged, (c) dry, (d) heating, (e) after-heating films, and (f) representative cross-section 
profiles of the residual nanoindentation marks. 
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(e) (f) 
Figure 4.10 Continued.  
 
The influence of water plasticization on the PEI/PAA films influenced both bulk and 
surface properties. This process is summarized schematically in Figure 4.11. In terms of 
mechanical properties, they were recovered after drying the film at RT for 24 h (humidity ≈ 25%) 
due to quick rehydration and recovery of the initial thickness of the film. However, the surface 
properties such as roughness did not recover after the same period. The multilayer thin film had 
immobilized water molecules within the pores of surface roughness, which were not removed by 
simple drying at RT. Therefore, there was a need for a second external high energy stimulus such 
as drying at higher temperature (humidity < 5%) to reach complete desorption of the moisture and 
force the leaching of water molecules. Water molecules were bonded to PEI/PAA and therefore an 
external stimulus, such as heat, was required to break this bonding. Similar results were observed 
with adhesive joints, when subjected to moisture absorption.208 
Furthermore, as mentioned earlier, the water absorbed by the polymeric film can be divided 
into either void water or swelling water. The absorbed water can influence both the bulk and the 
surface of the polyelectrolyte multilayers film.209 The water can be immobilized on the surface or 
diffuse into the polymer film. Upon drying the film at room temperature conditions, the swelling 
water evaporates and the film de-swells. However, the immobilized water, which is trapped on the 
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voids of the surface roughness would require heating. The rougher surface will swell in a more 
pronounced way than the smooth surface because it can contain more immobilized water.  
The recovery of mechanical properties such as Er and H with 24-hours drying at ambient 
condition was driven by the relaxation of ionic bonding after partial removal of water. However, 
electrostatic assemblies with ionic bonding is known to lose some of their structural integrity when 
absorbing water.210 Therefore, more energy in the form of heating was required to reconstruct the 
surface roughness of the film. During heating, additional strong covalent bonding was formed at 
HT.211 Once cooled down to RT, the thin film had higher reduced modulus and hardness than as-
deposited film due to the film being ionically bonded with new physical crosslinks. The 
incorporation of covalent crosslinks resulted in an improved mechanical properties, higher 
resistance to deformation and increased self-healing efficiency.212,213 The PEI/PAA thin films 
showed satisfactory stability for repeated exposure in water. In a recent study, the swelling-drying 
process was repeated ten times and it was found to be reversible without damaging the multilayer 
nano coating.153 In addition, other researchers have showed similar findings for liquid water.197  
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Figure 4.11 Graphical representation of the changes in the nanomechanical properties and 
morphology of a thin polymeric film under different humidity and temperature conditions. 
 
4.3.4 FTIR & XPS 
The chemical structure of PEI/PAA films was identified using FITR, as shown in Figure 
4.12. Characteristic peaks of PEI at 3272 cm−1 (–N–H stretching), 2940–2830 cm−1 (–C–H 
stretching), 1576 cm−1 (–N–H bending), 1465 cm−1 (–C–H bending) and 1350–1000 cm−1 (–C–N 
stretching) were found in the spectra. The peak at 1656 cm−1, which corresponded to the stretching 
band of –C=N, indicated the Schiff reaction between the amine groups of PEI and aldehyde groups. 
The peak of stretching vibration of –N–H which typically appears at 3272 cm−1 in the spectrum of 
PEI, transferred to 3424 cm−1 in the case of the composite film. For PAA, typical absorption bands 
of acrylate monomer at 1727, 1635 and 810 cm-1 were assigned to C=O stretching, C=C vibration 
and =CH alkene twisting absorptions, respectively. By comparing the FTIR spectra of the as-
deposited and the after-heating films, it could be concluded that none of the chemically functional 
groups had been deteriorated due to the self-healing process that took place.  
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(a) (b) 
Figure 4.12 FTIR spectra of the PEI/PAA film under different conditions for wavenumbers 
of (a) 2500-4000 cm-1 (b) 500-2500 cm-1. 
 
Using XPS analysis, in the C1s spectrum (Figure 4.13(a)), the major peak at 284.6 eV 
corresponded to C-C bond, whereas there was a contribution at 288 eV corresponding to C=O 
bonding environment (ketones environment). In the O1s core level spectrum (Figure 4.13(b)), the 
peaks could be analyzed to the contributing peaks from 530, 531 and 532 eV corresponding to C-
O, which shifted to 533 eV (C=O bond). The O1s peak of the as-deposited film was shifted to 
higher binding energies, as compared to the after-heating film. This corroborated for the presence 
of more oxidized species in the as-deposited film, which could be traced on the surface of the 
analyzed film. This could be interpreted either as the more oxidized species have been ‘sacrificed’ 
in the healing process or that the healing process was accompanied by a reaction that led to the 
formation of less oxidized species or a diffusion of the more oxidized species towards the bulk 
(inwards diffusion from the surface to the bulk that happened on the course of the healing process). 
The later scenario was adopted as diffusion was anticipated to play a key-role in the self-healing 
process.  
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The species that most actively had participated in the healing process are the N-containing 
species. Since the FTIR studies did not show any functional group forming or disappearing from 
the surface with the heat treatment, the most predominant mechanism of N-species participating 
in the healing could be considered through the mechanism of molecular re-orientation and 
diffusion. The latter was taking place during the self-healing process to such extent that the N-
containing polymer chains were diffusing in greater depths (from the surface to the sub-surface) 
and covered by the self-healed layer. This explained the deterioration of N-containing species into 
the healing process due to their migration to greater depths (see Figure 4.13(c)). The N1s peak 
could be analyzed into two contributions in 399 and 401 eV species, which were contributing to 
NH and NH3+ species. 
    
   
   
(a) (b) (c) 
Figure 4.13 XPS core level spectra of (a) C1s, (b) O1s, and (c) N1s for the as-deposited and 
after-heating films. 
	
4.4 Summary of Chapter 4  
In situ wet and HT nanoindentation techniques were used to measure the nanomechanical 
properties and to gain further knowledge about the self-healing process of the polymeric multilayer 
thin film, PEI/PAA. These techniques were successful in measuring the changes in the mechanical 
behavior and topography of the film, which occur during the self-healing process. The complete 
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self-healing of polymeric films back to the condition of as-deposited film (measured using 
nanomechanical properties of Er and H) and surface shape (measured using surface roughness) 
required multiple stimuli such as a change in relative humidity and temperature. The mechanical 
behavior of the polymeric film undergoing high humidity and temperature was different. The 
immersion in DI water led to the swelling of the polymer and softening of the thin film, while 
heating led to a stiffer surface due to the thermally induced molecular rearrangement and diffusion 
of species toward the surface (O-species) or toward the deeper depths (N-species). No functional 
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Polymer multilayer thin films, also known as polymer nanocomposites, have been 
successfully used for many applications such as flame suppression,214 anti-reflection,215 organic 
electronics,216 gas and vapor barriers,217 self-healing coatings,218 tribological coatings,219  and in 
drug delivery.220 These films are typically deposited using spin casting,221 plasma deposition,222 
spray processing ,223 3D printing,224 and layer-by-layer (LbL) assembly.225 The last is known to be 
tunable, versatile, simple and scalable.199 Also, due to the nature of the deposition through 
exposing a charged substrate to cationic and anionic solutions, the technique results in thin films, 
which are bonded strongly to the substrate through electrostatic attraction,226 ionic and hydrogen 
bonding,153 and covalent bonding using thermal or chemical crosslinking.199  
Mechanical properties play a critical role in the durability of polymeric thin films. For 
example, scratching a thin film reduces its functionality for gas barrier application as the gas would 
find an easier path to escape.69 Therefore, an understanding of the nanomechanical behavior of 
these films is essential. It is often challenging to test free-standing nano-thick films using tensile 
testing.227 Another challenge is to make freestanding nanoscale LbL films.183 Nanoindentation 
stands out as an effective technique to extract the intrinsic properties of thin films. Thin films are 
deposited on substrates to provide support during the experiments, where compressive forces are 
being applied. Nanoindentation measurements need to be carried out within 10-20% of the film 
thickness to reduce the influence of substrate properties and maintain the deformation locally 
within the film. This rule is found to work well when the substrate is stiffer than the thin film. 
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Therefore, multilayer thin films are typically deposited on stiffer substrates such as silicon or glass 
for nanoindentation experiments.57–60  
However, the “10% rule” was found to fail when the substrate is more compliant than the 
deposited thin film.42 Also, the 10% rule is hard to maintain for very thin films, e.g., thinner than 
100-200 nm as indents need to be performed in shallower depths less than 10-20 nm.228 Yet, it is 
essential to understand how thin films behave when deposited in compliant substrates. Typically 
for many applications such as gas barriers,229 bioelectronics,230 flame retardant 231 and drug 
delivery,232 the multilayer LbL films are deposited on compliant substrates. For example, polymer/ 
platelet assemblies are deposited on PET, which is a commonly used food packaging material.31  
Studying thin films on rigid substrates provides an insight for the intrinsic properties of the 
thin films. However, the interface and the deformation behavior could be different when a thin 
film is deposited on different substrates, as the interfacial properties between the film and substrate 
influence the mechanical response of these films. In the case of Poly(methyl methacrylate) 
(PMMA) films, it was observed that films get stiffer in depths close to the silica substrate. This 
higher stiffness is measured through an increase in the elastic modulus and glass transition 
temperature, which highlights the origin of the increase, namely confinement in the polymer chain 
dynamics.228 However, more compliant substrates with stiffness similar to the film could result in 
a different mechanical behavior for the film and possibly different polymer chain dynamics for the 
thin film. Furthermore, the compliant substrate could result in lower reduced modulus, and it would 
dominate the behavior of the film.233,234 Lastly, when the substrate is significantly more compliant, 
buckling, cracks and delamination of the relatively stiffer thin film due to the large elasticity 
mismatch can take place during nanomechanical testing.235  
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In this study, the nanomechanical properties of Polyvinylamine (PVAm)/Graphene oxide 
(GO) deposited on two distinctly different substrates, namely Si and PET, were measured using 
nanoindentation and nanoscratch. In a recent study, different polymer multilayer thin films 
including all-polymer and polymer/platelet assemblies were studied using nanoindentation.111 
These thin films were deposited on rigid silicon wafers and the intrinsic thin film modulus and 
hardness were successfully measured. To the best of the authors’ knowledge, the nanomechanical 
properties of LbL multilayer thin films on compliant substrates such as PET have not been 
measured using nanoindentation and nanoscratch. Typically, coatings for gas barriers applications 
are deposited on a compliant substrate such as poly(ethylene terephthalate) (PET).  
Herein, an understanding of the nanomechanical and interfacial behavior of these thin films 
on different substrates was developed. The behavior of PVAm/GO, deposited on Si and PET was 
found to represent a compliant film on stiff substrate and stiff film on compliant substrate, 
respectively. In the case of PVAm/GO on Si, the “10% rule” holds, and it is possible to measure 
the intrinsic properties of the thin film. However, extracting the mechanical properties of the thin 
film on PET was found to be challenging. In terms of scratch experiments, both film/substrate 
systems exhibited different behaviors due to the difference in the compliance of the substrate and 
the adhesive strength at the interface. Complementary computational modeling further explained 
the different scratch behavior for both systems.      
5.2 Methods  
5.2.1 Materials and Processing 
The LbL assembly in this study consists of alternately depositing PVAm (95% hydrolyzed, 
M = 340 kDa, trade name Lupamin 9095, BASF, Ludwigshafen, Germany) and GO (Graphenea, 
Cambridge, MA). First, PVAm was dialyzed three times for 24 hours in 18.2 MΩ DI water using 
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cellulose dialysis tubing (Mcutoff = 14 kDa, Sigma Aldrich, St. Louis, MO).  Then, both materials 
were diluted in DI water to 0.1 wt %. Later, PVAm was adjusted to the desired pH using 1 M 
NaOH or HCl (Sigma). While, GO was dispersed well using 15 W tip sonication.  Before each 
deposition of either PVAm or GO, the thin film is rinsed with DI water and dried with filtered air. 
The cycle was carried out using a home-made robotic system and it was continuously running till 
the desired thickness was reached. The thickness increased linearly with the number of bilayers, 
therefore 29 layers of PVAm/GO yielded a film thickness of 150 nm. The recipes for the deposition 
of PVAm/GO multilayer thin film using LbL were adopted from a recent work by the authors.236 
5.2.2 Substrates 
The single-side polished (100) Si wafer (University Wafer, South Boston, MA) and the 
PET films with a thickness of 179 μm (ST505, Dupont-Teijin, Chester, VA) were used as 
deposition substrates and for nanomechanical testing. Prior to film deposition using LbL, the 
surface of the substrate was cleaned and oxidized to promote a surface charge in order for the first 
PVAm layer to adhere through ionic interactions. For Si, it was cleaned using acetone, methanol 
and DI water followed by 10 min air plasma treatment (Harrick Plasma, Ithaca, NY). The plasma 
was primarily oxygen plasma, and oxidized the silicon to silicon oxide and silicon hydroxide 
groups.237 The active oxidative species in this case are atoms of oxygen rather than molecular 
oxygen. As the Si oxidation proceeds converting Si into SiO2, diffusion of atomic oxygen through 
SiO2 takes place .238  
In the case of PET, it was cleaned with rinsing in DI water, methanol and air, multiple 
times. Finally, it was treated using corona treatment (BD-20C Corona Treater, Electro- Technic 
Products Inc., Chicago, IL). This treatment was used to create a net oxygen imbalance on the PET 
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surface. This cleaning technique is used typically in packaging to help ink adhere to a PET 
substrate.  
Figure 5.1 shows the schematic for the growth of the thin film of PVAm/GO on both 
substrates. The horizontal lines in Figure 5.1 (a, b) represent the bi-layers. Figure 5.2 illustrates 
the cross-sectional images using transmission electron microscopy (TEM) for PVAm/GO on PET. 
Due to the small contrast between PVAm and GO, it was hard to see the different layers of the thin 
film. To enhance the contrast, thermal reduction at 175 ℃ was used to remove the moisture and 
some of the oxygen-containing groups. Figure 5.2(b) shows the reduced thin film. The thin film 
was highly ordered and uniform at the nanoscale. Also, the film thickness on Si and PET was 





Figure 5.1 Schematic showing both the PVAm/GO thin film on (a) Si and (b) PET substrates. 
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(a) (b) 
Figure 5.2 (a) TEM image of PVAm/GO film on PET substrate (b) TEM image of thermally 
reduced PVAm/GO showing single layers of PVAm and GO. 
 
5.2.3 AFM 
Atomic force microscopy (AFM) was performed using a Dimension Icon AFM (Bruker, 
Billerica, MA) to measure the root-mean-square (Rq) roughness of the film on both substrates. 
The scan area was 5x5 µm. AFM silicon tip with a nominal radius of 8 nm and resonance frequency 
of 150 kHz was used. The scanning rate was set to 0.5 Hz to obtain high quality images.  
 
5.2.4 Nanoindentation 
Nanomechanical experiments were carried out using a TriboIndenter (TI) Premier, 
(Hysitron Inc., Minneapolis, MN). To extract data at very shallow depths, an ultra-sharp cube 
corner indenter was used for the nanoindentation measurements.239 First, the nanoindenter system 
need to be calibrated, which is known as the contact area function of the tip. The contact area (Ac) 
is related to the contact depth (hc) through the Oliver and Pharr method, where the contact area 
function is:    
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Ac = 𝐶3ℎ-+ + 𝐶5ℎ- + 𝐶+ℎ-5/+ + 𝐶)ℎ-5/7 + 𝐶7ℎ-5/8 + 𝐶9ℎ-5/5: (1) 
 
C1-C5 are curve-fit coefficients, which are related to tip imperfections and Co equals 2.598 
for a 90º cube corner tip. C1-C5 coefficients were found experimentally by performing a series of 
nanoindentations on a standard fused quartz (FQ) sample with known properties of reduced 
modulus (Er) = 69.6 GPa (±5%), and hardness (H) =9.3 GPa (±10%). In this work, 100 
nanoindentations were performed on FQ and the contact area was calibrated for contact depths of 
5-50 nm, using a standard transducer.  
5.2.5 Nanoscratch 
The nanoscratch experiments were carried out using the same TriboIndenter Premier 
(Hysitron Inc., Minneapolis, MN) to study the frictional behavior of PVAm/GO thin films on Si 
and PET. Two different scratch experiments were performed: (a) constant normal loads of 25, 100 
µN and (b) a ramp normal load up of 300 µN. The sliding speed and scratch length were kept at 
0.67 µm/s and 6 µm. To calculate the elastic recovery, a height scan was performed using the same 
tip to measure the initial topography and the residual scratch depth. The coefficient of friction 
(COF) was measured for each experiment by dividing the friction over the normal force.  
5.2.6 Raman spectroscopy 
Raman experiments were carried out to get an insight of the structural similarities of the 
two films during their growth process. For this purpose, a Raman confocal microscope made by 
Horiba Ltd (Jobin-Yvon LabRam) was used. The pinhole diameter is 200 nm and the objective 
optical lens is 100x, making the spatial resolution of the beam 3.7 µm. The laser wavelength was 
633 nm and the exposition time was 15 s with 5 accumulations for each test at room temperature. 
Experiments were repeated 2 times to ensure repeatability.  
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5.2.7 Finite Elements Analysis (FEA)  
To understand the stress/strain distributions, contact pressure and the onset of yielding for 
both systems under nanoscratch process, FEA was carried out. The behavior was restricted to 
elastic analysis and it was implemented using a commercial code, ABAQUS. The PVAm/GO film 
was modeled as a homogenous single layer material, where the multilayers were well bonded to 
each other neglecting the interfacial properties between each layer. Likewise, both Si and PET 
were modeled as homogenous materials. Fully bonded condition is also assumed between the 
substrate and the film. A constant load of 100 µN in the vertical direction was applied. Then, the 
indenter moved to the right while maintaining the same normal load. The indenter was modeled 
as a half sphere using an analytical rigid surface with a conospherical tip radius of 870 nm. Due to 
the symmetry across the xy plane, only half of the geometry was considered to save computational 
power (see Figure 5.3). Boundary conditions were applied to restrict the movement in the y-
direction at the bottom of the substrate. Similarly, the x-movement was restricted in the left and 
right of the film and the substrate. A biased mesh towards the surface was used to increase the 
density of the mesh near the surface and the interface between the film and the substrate.  
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Figure 5.3 Finite element model for nanoscratch on film/substrate systems. 
  
 
5.3 Results & Discussion 
The average values of the elastic modulus and hardness for the Si and PET substrates were 
first obtained (Table 5.1). All nanoindentation experiments were kept within the calibrated contact 
depth range on FQ. The obtained properties (reduced modulus and hardness) for both Si and PET 
agree with reference data.134,240 The silicon substrate is much stiffer and harder than the PET 
substrate. Therefore, the nanomechanical and nanotribological behavior of the thin film on Si and 
PET is expected to be different due to the effect of the substrate. 
 
Table 5.1 Elastic Modulus and Hardness for standard sample, and Si and PET substrate.* 
Substrate Er  (GPa) H (GPa) 
Si 169.00±9.56 12.01±0.87 
PET 4.22±0.49 0.22±0.04 
*Error bars show ±1 standard deviation 
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5.3.1 Nanoindentation Experiments 
The film thickness, roughness, Er and H were extracted for PVAm/GO film on both 
substrates and are given in Table 5.2. Both cases were found to have similar Rq values, and the 
AFM height images of the surface roughness are shown in Figure 5.4. The average film thickness 
was measured to be ~150 nm using TEM and, it was also checked using a contact profilometer. 
Therefore, the surface roughness and film thickness on both films are similar, as desired, making 
the substrate as the only difference between both films. The reduced modulus and hardness of 
PVAm/GO film on Si was 2 and 1.3 times higher than the PVAm/GO film on PET. The mechanical 
properties were extracted from depths between 10-20% of the film thickness.   
 
Table 5.2 Nanomechanical properties of PVAm/GO thin film on Si and PET substrates.  





PVAm/GO Si 150 8.58 12.08±2.81 1.04±0.35 
PVAm/GO PET 150 8.98 5.89±1.64 0.78±0.39 
*Film thickness was measured using Tencor profilometer  




Figure 5.4 AFM roughness height image for PVAm/GO on (a) Si and (b) PET substrates. 
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Figure 5.5 shows the reduced modulus and hardness as a function of contact depth per film 
thickness for both Si-based and PET-based films. The reduced modulus shows higher mismatch 
in stiffness behavior for both films. Beyond the 15% film thickness for the Si-based film, the 
substrate-effect resulted on a sharp increase in the modulus. While Si-based film showed a clear 
change due to the substrate-effect, the PET-based film did not show a clear change in the reduced 
modulus with increasing depth. However, both films show clear trends for hardness, where the Si-
based film showed increasing hardness, similar to the reduced modulus. The Si-based film showed 
more scattering data potentially due to a more disorder in the carbon material, as was proved by 
Raman studies (presented below). On the other hand, the PET-based film showed a decreasing 
hardness with contact depth, which is to be expected as PET is softer. To confirm this observation, 
a Berkovich probe was also used to induce deeper nanoindentations. The data was plotted in semi-
log scale and provided in Figure 5.6. The lower Young modulus for PET-based film was dominated 
by the bending of the compliant substrate at both shallow and deeper penetrations. However, the 
hardness was dominated by the film at shallow depths and the bending of the substrate at higher 




Figure 5.5 (a) Reduced modulus and (b) hardness as a function of normalized contact depth for 
Si-based and PET-based films. 
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(b) 







Figure 5.6 (a) Reduced modulus and (b) hardness as a function of contact depth for both films 
at deeper depths using Berkovich probe.  
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Representative load-displacement curves for the two multilayer thin films on both 
substrates are provided in Figure 5.7. The PET-based film showed softening behavior once 
nanoindentation force increased, as compared to the Si substrate film. Such behavior is usually 
observed, when there is a layered material, which has different phases. Each phase has a different 
load-carrying capability. Similar behavior is seen in layered materials such as epoxy-aluminum 
joints.242 In the case of Si-based film, the stiffer substrate imposed a restriction on the downward 
flow of the thin film material which lead to stiffer response in the load-displacement curve and 
formation of pile-up around the indentation site.243 However, in the case of the more compliant 
substrate, the film sank-in as the substrate could not support the indentation load imposed by the 
indenter on the thin film. This lead to substrate deformation once the load was applied.43 At ultra-
low load, there seem to be a region where both films’ response to nanoindentation load was similar. 
The region can be seen in Figure 5.7 For nanoindentation forces less than 0.5 μN, the load-
displacement curves for both thin films on Si and PET substrates were found to be close.  
 
 
Figure 5.7 Representative shallow load-displacement curves of 8 μN maximum load on Si-
based and PET-based films. 
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The reduced modulus of the silicon substrate (Esi ≈ 168.9 GPa) was much higher than the 
modulus of the multilayer thin film (ESi-based film=12.08 GPa). The stiffening response for the film 
could be due to a restriction of polymer chain dynamics near the substrate.228 However, in the case 
of PET-based films, the mechanical properties were quickly reduced with depth, therefore the 
system behaved as a plate on an elastic foundation. The results were influenced by the PET 
substrate (EPET ≈ 4.2 GPa) even at very small depths. The indentation response did not represent 
only the local contact deformation within the film anymore (beneath the indenter), but, it included 
a global deformation of the entire system.234 Figure 5.8 illustrates using a schematic the difference 




Figure 5.8 The deformation behavior of PVAm/GO film on Si and PET represents (a) 
compliant film on stiff substrate and (b) stiff film on compliant substrate respectively. 
 
Nanoindentation had a larger influence on the system of stiff film on compliant substrate, 
as shown in Figure 5.8.  If the maximum indentation load was reduced, the global deformation of 
PET substrate could be reduced. However, even if it was possible to obtain similar load 
displacement curves at shallower depths, the challenge would be to extract reliable and consistent 
data due to the roughness effect of the films. Such a nanoindentation depth will be much smaller 
than the roughness of the films (Rq ≈ 9 nm).  
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5.3.2 Raman Spectroscopy 
Figure 5.9 shows the Raman spectra for PVAm/GO on both films. In the case of the Si 
substrate, the peaks appeared at 1339 and 1611 cm-1. While, in the case of PET substrate, the peaks 
appeared at 1346 and 1611 cm-1. In general, it can be stated that the two films were structurally 
similar.  Particularly, the peak at the low wavenumber corresponded to defective, disordered 
carbon structure (D band) originating from the defect induced zone boundary phonons, whereas 
the peak at 1611 cm-1 could be attributed to the first order scattering of E2g phonons (in plane 
optical mode) of sp2 hybridized carbon atoms (G band), which corresponded to ordered crystalline 
carbon structures. The position of G band is very sensitive to the number of layers. As the number 
of layers increases, the band position is shifted to lower energy due to softening of the bonds 
between the layers. In the particular case where we had alternate layers of PVAm and GO, it 
seemed that the predominant factors affecting the G band position were the temperature, doping 
level and strain presence. 
Regarding the D band, given that the same excitation laser wavelength was used, the 
differences in intensity and position were likely due to the different level of disorder in the two 
films. Quantitatively the ID/IG ratio is an index of the quality of the carbon material. For the films 
on PET substrate, the ID/IG ratio was 0.94, whereas the Si-based film had a ratio of 1.019, thus 
implying a lower defect concentration for the film grown on the PET. This could be explained 
based on the different initial treatment of the PET and Si substrates. Corona treatment of the PET 
led to the formation of many functional groups such as carboxylic (COOH), aldehydes (C=O), 
alcohols (C-OH), esters (C-COO-C) on the surface of the film. Most of these groups were 
participating with primary bonding with the PVAm layer. In the case of Si, with air plasma 
oxidation, it was possible that not all the groups were participating in the bonding with the PVAm 
  109 
thus leaving functional groups oriented outwards of the film, causing an increase in the disordering 
of the upper GO layer. 
 
 
Figure 5.9 Raman spectra of PVAm/GO on Si and PET 
 
5.3.3 Nanoscratch 
To gain further insight into the film/substrate system behavior against scratch, constant and 
ramp load scratch experiments were carried out. Tables 5.3 and 5.4 provides the scratch results of 
constant normal loads of 25 and 100 µN respectively. Similar to nanoindentation, low and high 
load experiments were performed to evaluate the influence of the substrate on the scratch behavior 
of the film. At low loads of 25 µN, the Si-based film exhibited higher friction coefficient than 
PET-based film. At this load, the scratch represented the adhesive part of the friction. The plowing 
or deformation friction was not observed here due to both small load and complete elastic recovery. 
Even though, the films were scratched with low load of 25 µN, the in-situ scratch depth of PET-
based film was deeper than silicon-based film showing global deformation of the substrate even at 
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small loads. Similar results were observed with Au on fused quartz substrate (soft film on hard 
substrate system) and SiO2 on Al substrate (hard film on soft substrate system).43  
At a normal scratch loads of 100 µN, the friction coefficient of the Si-based film was 
slightly lower than the PET-based film. However, the Si-based film experienced more plastic 
deformation, and it also had a small residual depth resulting in a slightly visible scratch on the 
surface. The higher friction coefficient of PET could be attributed to the plowing effect of the 
slightly rougher surface than the Si based film. The scratch behavior of the PET-based film 
remained elastic and the in-situ scratch depth reached 60% of the film thickness. The PET showed 
similar COF for both scratch experiments with 25 and 100 µN loads.  
 











Si-based film 27 N N 100% 0.50 
PET-based film 44 N N 100% 0.25 
	











Si-based film 35 3 Y 94% 0.25 
PET-based film 95 N N 100% 0.30 
 
Scratch ramp load experiments up to a maximum load of 300 µN were conducted to 
measure transitions in the scratch behavior and film failure analysis. The load was increased 
linearly with a rate of 20 µN/s.  Figure 5.10 shows the AFM images for the residual scratch profiles 
for both films. The Si-based film experienced more material flow as the scratch load increased. 
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Also, it showed side surface raptures and widening of the scratch due to low elastic recovery, as 
the normal scratch force increased. This could be due to the stress being localized within the film 
due to the stiffer substrate, which did not yield under these scratch loads. As a result, more 
confinement forced the Si-based film to flow to the side of the scratch and ahead of the indenter. 
On the other hand, the PET-based film exhibited higher elastic recovery with no material pile-up 
and more sink-in behavior due to the deformation of the substrate even at small loads as shown by 
the nanoindentation experiments. As a system, the PVAm/GO on PET was able to accommodate 
the scratch and maintained the film without failure. 
   
  
(a) (b) 
Figure 5.10 AFM residual scratch images (10x10 µm) for PVAm/ GO on (a) Si and (b) PET 
under a ramp load from 0 to 300 µN (dashed lines show the start of the scratch). 
 
The in-situ normal depth and COF as a function of scratch normal force up to 300 µN for 
both thin films are provided in Figure 5.11.  Figure 5.11(a) shows that the in-situ depth for PET-
based film was larger than the film thickness for loads higher than 100 µN due to the substrate 
sink-in. While, the indenter remained within the thickness of the Si-based film for the whole 
experiment. Figure 5.11(b) shows distinct frictional behavior for both films. At small loads, the 
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Si-based film maintained lower friction coefficient than PET-based film. However, as scratch 
normal load was ramped up, the friction coefficient increased due to the higher plowing friction 
and the material pile-up as the indenter penetrated deeper. The PET-based film maintained a stable 
COF of 0.3 for loads higher than 100 µN.  
 
Another interesting observation was the stick−slip motion in the COF profile, which was 
observed for the Si-based film (also known in the literature as Schallamach waves).148 This 
phenomenon is due to the competition of adhesive interfacial behavior and the relaxation process 
due to the viscoelastic behavior of the polymer. Since Si-based film showed higher adhesion part 
of the friction as measured by the nanoscratch, it was expected to show more stick-slip motion. 
Such waves can reduce the reliability of the coating/substrate system, since it is known to cause 
buckling and potential delamination of the film. On the other hand, PET-based film did not show 
pronounced stick-slip motion. 
            
 
(a) 
Figure 5.11 (a) In-situ normal displacement and (b) coefficient of friction as a function of 
scratch normal force up to 300 µN for both thin films. 
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(b) 
Figure 5.11 Continued.  
 
While the Si-based film showed lower scratch resistance, the PET-based film maintained 
higher performance against scratch loading. To evaluate the durability of the PET-based films, it 
was subjected to scratch conditions at the same location with two passes. Figure 5.12 shows the 
residual scratch images after each pass. The film sustained similar frictional behavior against 
multiple scratches showing high durability. For the application of gas barrier, as an example, this 
is advantageous, since it showed more durability of the film once deposited on PET substrate. The 
findings here showed the importance of studying thin films on the same substrate as they will be 
used in the application. Herein, the behavior of the thin film especially the scratch behavior was 
influenced by the substrate, and it could be different for different substrates.            
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(a) (b) 
Figure 5.12 AFM residual scratch images for PVAm/ GO on PET with (a) first pass and (b) 
second pass.  
 
5.3.4 Finite Element analysis 
FEA was carried out to better understand the observed phenomena above with nanoscratch 
experiments, and the reasons for the difference in the scratch behavior for each film/substrate 
systems. Also, FEA can help to gain some insights in the stress/strain distribution in the film, 
substrate and interface under scratch loading. Table 5.5 summarizes the properties of the films and 
substrates used in the FE modelling. The Young modulus (E) was calculated using the equation of 
the reduced modulus of elasticity (Er), which was extracted using the nanoindentation experiments. 
It is defined based on both the elastic modulus of the indenter (Ei) and sample (Es) and Poisson’s 
ratio of both indenter (νi) and sample (νs). The properties of the Si and PET were adopted from the 
literature.244 
 
1𝐸< = (1 − 𝑣?+𝐸? + 1 − 𝑣@+𝐸@ ) (2) 
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First, the FEA was verified with the scratch experiments with a ramp load of 100 µN. The 
maximum scratch depth of the Si and PET-based films was found to be 27 and 97 nm using the 
FEA model, which was close to the findings of the experiments (35 and 95 nm for Si- and PET-
based films).  
 
Table 5.5 Material properties of film and substrate for FEA. 
Material 𝐸f (GPa) 𝑣 𝜇 
PVAm/GO on Si 10 0.40 0.25 
PVAm/GO on PET 10 0.40 0.30 
Si 127 0.28 - 
PET 3 0.41 - 
 
Figure 5.13(a, b) shows the stress distribution for the PVAm/GO film on Si and PET. For 
the Si-based film, since the yield stress of Si is 7 GPa, a maximum von Mises stress of 1.8 GPa 
would result only in elastic deformation in the Si. Therefore, the higher stresses would be confined 
in the film and the interface. On the other hand, the PET has a yield strength less than 100 MPa. 
The maximum stress in the PET substrate was about 800 GPa. Therefore, the substrate would yield 
under this scratch load under the assumption of elastic contact. For the films, the maximum stress 
distribution was within the Si-based film reaching the surface, while the maximum von Mises 
stress was on the interface for the PET-based film. The surface of PET-based film did not 
experience high stresses on the surface. This explained the higher scratch visibility for the Si-based 
film, compared to the PET-based film.      
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Figure 5.13 (c, d) illustrates the strain distribution under normal scratch load. For the Si-
based film, the strains were on the surface under the indenter. However, for the PET-based film, 
the indenter was sinking-in under this load due to the deformation of the substrate. This global 
deformation of the substrate resulted in a lower contact pressure for PET-based film as compared 
to the Si-based film as shown in Figure 5.13 (e, f). The Si-based film had higher localized contact 
pressure resulting in significant plastic deformation and pile-up around the scratch area. For the 
PET-based film, it showed lower contact pressure, but larger contact area due to the deformation 
of the substrate. Figure 5.13 (g, h) shows the shear strength (S12) for both systems. Si-based film 
experienced higher shear stress on the surface and across the film ahead of the indenter as 
compared to PET-based film. Thus, it suffered from more film delimination and material transfer 
ahead of the tip as Figure 5.10(a) shows. 
  
(a) (b) 
Figure 5.13 FEA contour plots of von Mises stress distribution (MPa), elastic strain, contact 
pressure (MPa) and shear stress (S12) (MPa) for (a, c, e, g) Si and (b, d, f, h) PET. 







Figure 5.13 Continued.  
 
  118 
5.3.5 Film delamination and Adhesive Strength:  
It is possible to obtain the interfacial behavior between the film and the substrate if the film 
delamination is to be induced. To do so, a higher ramp load scratch up to 1 mN was carried out. 
The adhesive (𝜎E) strength was calculated using methods developed Laugier as shown in Equation 
3.125  
 
Adhesive Strength (𝜎E) = +QRSYRT 4 + ν[ )\]8 − (1 − 2ν[)  (3) 
 
Where 𝜎E is a function of the critical contact pressure/load, which was needed for film 
delamination (Pc), residual scratch width (dc), coefficient of friction measured during the 
experiment (µ) at the onset of delamination, and the substrate Poisson’s ratio (νs).  
Figure 5.14 (a, b) shows the SEM residual images for Si and PET-based films. The Si-
based film experienced earlier delamination and wider scratch groove. While, PET-based film 
underwent delayed delamination with slightly narrower scratch width.  At the maximum scratch 
load, both films showed different behaviors. Si-based film showed ductile failure with film rapture 
at interface, which then transferred and piled up ahead of the indenter. On the other hand, PET-
based film experienced brittle fracture with no material pile-up/transfer.  
Table 5.6 summarized the properties extracted from the 1 mN scratch experiments. The 
critical delamination load for PET-based film is nearly twice larger than the Si-based film, and the 
calculated 𝜎E for PET-based film is 4.6 times higher than Si-based film. The low adhesive strength 
explained why Si-based film had a film rapture at the interface followed by pile-up. In case of 
PET-based film, the higher adhesive strength resulted in more of fracture of the film under high 
contact forces.       





Figure 5.14 SEM residual scratch images for (a) Si-based film and (b) PET-based film, and (c) 
coefficient of friction as a function of scratch normal force up to 1 mN. 
	











Si-based film 260 0.35 1.20 0.15 
PET-based film 500 0.45 1.00 0.69 
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5.4 Summary of Chapter 5  
Multilayer thin film, PVAm/GO, was deposited on both Si and PET substrates in order to 
understand the influence of two distinct substrates on the mechanical properties of the thin film. 
The film on both Si and PET represented two different systems: stiff film on compliant substrate 
and stiff film on compliant substrate respectively. The “10% of film thickness” rule was shown to 
hold for compliant film on stiff substrate. However, measuring the properties of the stiff film on 
the compliant substrate was more challenging. This system behaved as a plate on an elastic 
foundation with two components of deformations: local within the film, and global for the 
film/substrate system. To reduce the substrate effects of the compliant PET substrate, higher-
resolution force transducer was recommended to be used. Scratch experiments reveled different 
behaviors for the PVAm/GO thin film once deposited on different substrates. The Si-based film 
suffered from more plastic deformation and pileup due to stress and strain distributions being 
confined close to the surface of the film. On the other hand, the PET-based film experienced elastic 
deformation on the surface due to the global deformation and potentially yielding of the PET 
substrate. The FEA revealed that the highest von Mises stress for the PET-based film is on the 
interface between the film and the substrate. Such a finding highlighted the importance of having 
a strong interfacial bonding between the film and the substrate in order to maintain a reliable 
operation of these coatings once deposited on PET for the gas barrier applications. While using a 
rigid substrate such as silicon is useful to extract the intrinsic mechanical properties of unknown 
films without having a significant substrate effect, it is important to study as well the behavior of 
these thin films on the same substrate where they will be deposited on in their real-life applications.  
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Mechanically-guided three-dimensional (3D) micro-assembly with controlled compressive 
buckling represents a promising emerging route to 3D mesostructures in a broad range of advanced 
materials, including single-crystalline silicon (Si), of direct relevance to microelectronic devices. 
During practical applications, the assembled 3D mesostructures and micro-devices usually 
undergo external mechanical loading such as out-of-plane compression, which can induce damage 
in or failure of the structures/devices. Here, the mechanical responses of a few mechanically-
assembled 3D kirigami mesostructures under flat-punch compression are studied through 
combined experiment and finite element analyses (FEA). These 3D kirigami mesostructures 
consisting of a bilayer of Si and SU-8 epoxy are formed through integration of patterned 2D 
precursors with a pre-stretched elastomeric substrate at pre-defined bonding sites to allow 
controlled buckling that transforms them into desired 3D configurations. In situ SEM measurement 
enables detailed studies of the mechanical behavior of these structures. Analysis of the load-
displacement curves allows the measurement of the effective stiffness and elastic recovery of 
various 3D structures. The compression experiments indicate distinct regimes in the compressive 
force/displacement curves, and reveals different geometry-dependent deformation for the 
																																																						
*Reprinted with permissions from “Fabrication and Deformation of 3D Multilayered Kirigami 
Microstructures” by Humood, M.; Shi, Y.; Han, M.; Lefebvre, J.; Yan, Z.; Pharr, M.; Zhang, Y.; 
Huang, Y.; Rogers, J. A.; Polycarpou, A. A. Small 2018, 14, 1703852. 
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structures. Complementary computational modeling supports our experimental findings and 
further explains the geometry-dependent deformation. 
Biology is inherently based on three-dimensional (3D) designs, optimized for performance 
through billions of years of survival in challenging environments.245 These biological structures 
span length scales from the nanoscale level, such as DNA,246 to the macroscale, such as shark 
skin.247 Additionally, these 3D structures often consist of various levels of hierarchy, as 
exemplified in geckos' feet.248 If the advantages of these fascinating 3D structures can be realized 
in man-made devices, tremendous advances in capabilities of material systems and architectures 
will occur, overcoming the inherent limitations of 2D microsystems. For example, 3D 
micoelectromechanical systems (MEMS) offer vastly improved bandwidth and frequency 
tunability over conventional 2D MEMS structures, such as cantilevered beams and doubly 
clamped bridges.8  
Indeed, various shapes and scales of 3D structures have been successfully implemented in 
a number of applications such as wearable electronics,249 robotics,250 solar systems,251 energy 
storages,252 optoelectronics,253 optomechanical devices,254 and near-field communication (NFC) 
devices.11 The incorporation of 3D structures has improved performance and extended capabilities 
in these applications. Different fabrication techniques have been developed to form various 3D 
structures, including 3D printing,255 two photon/multiphoton lithography,256 and self-assembly.257 
However, these methods cannot produce inorganic semiconductors such as silicon.258 
Alternatively, mechanically-driven assemblies such as strain-induced bending or folding and 
compressive buckling have the potential to extend the range of materials, including silicon.259 of 
these options, compressive buckling offers advantages compared to strain-induced deformation in 
terms of possible 3D geometries.260 Indeed, in the literature one can find a few hundred different 
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3D mesostructures with different combinations of materials (polymers, metals, and 
semiconductors). These structures scale from the sub-micrometer to centimeter scale, thus 
revealing the scalability of the process.261,262   
The compressive buckling process begins with planar microfabrication of various 2D 
precursor patterns, consisting of multilayer thin membranes. Next, lithography defines a set of 
chemically active bonding sites, while reactive ion etching produces patterned cuts in the 
membrane. Such structures are known as kirigami as their fabrication concept is based on the 
Japanese art of paper folding and cuts. Transfer printing enables integration of these structures 
with a pre-stretched elastomeric substrate.263 Although a variety of 3D mesostructures have been 
fabricated previously using mechanically guided assembly, their mechanical response to applied 
loads is still unknown.  Thus, in this work we use in situ compression inside the scanning electron 
microscope (SEM) to investigate their deformation behavior. 
The in situ SEM flat punch compression provides capabilities to simultaneously measure 
load vs. displacement and observe deformation in real time.264,265 Thus, this technique can uncover 
detailed information on material behavior during both compression and post-compression. 
Numerous 3D structures have been studied using in situ compression, including individual and 
arrays/foams of carbon nanotubes,266 metals267 and hierarchical structures of 
ceramics/polymers.268 However, no reports exist in the literature on the compression of origami- 
or kirigami-inspired structures.  
Herein, we report on the compression of kirigami-inspired structures, which consist of a 
bilayer of Si and SU-8 (thickness = 200 and 2000 nm respectively). SU-8 is an epoxy-based 
photoresist, which is a material commonly used in microfabrication capable of yielding a high 
aspect ratio even in thick coatings. The SU-8 can be deposited using simple spin casting and has 
  124 
favorable mechanical properties.269 During in situ compression testing of these kirigami structures, 
the geometry was found to play a critical role in their flexibility and stretchability. Indeed, we 
found that structural design enables intrinsically stiff and brittle bulk materials such as Si and SU-
8 (~2-3% and 10-12% tensile strain to fracture, respectively) to undergo large deformation.270 This 
results in an overall deformable and compliant structure, which can sustain large-scale 
deformation, including twisting and bending. In light of these experimental findings, a finite 
element analysis (FEA) model was developed to provide further insight into the maximum 
stress/strain of kirigami structures during compression.  
6.2 Experimental Section 
6.2.1 Materials & Fabrication 
Preparation of 2D precursors of silicon and epoxy (SU8) bilayers exploited 
photolithography and reactive ion etching to pattern a thin layer of silicon (200 nm in thickness) 
using silicon on insulator (SOI) wafer.  Wet etching by hydrofluoric acid (HF) fully dissolved the 
exposed silicon dioxide (1 µm in thickness) on the SOI wafer.  The following spin coating and 
photolithography steps defined the pattern of the epoxy (SU8) layer (2 µm in thickness) on top of 
the silicon layer.  Another spin coated and lithographically defined photoresist layer (AZ 5214, 4 
µm in thickness) covered the silicon and epoxy (SU8) patterns but left the bonding regions 
exposed.  Wet etching in HF fully removed all the silicon dioxide underneath the patterns, thereby 
facilitating the transfer printing process.  Deposition of titanium (5 nm in thickness) and silicon 
dioxide (50 nm) through electron beam evaporation promoted the adhesion of the bonding regions. 
Transfer printing of the 2D precursors began with retrieving the patterns from SOI wafer 
to a PDMS stamp.  Laminating water soluble tape onto the PDMS surface enabled the transfer of 
2D precursors from PDMS stamp to water soluble tape. The buckling process utilized silicone 
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elastomer (Dragon Skin, 600 µm in thickness) as the assembly substrate.  Ultraviolet ozone 
treatment of the silicone elastomer and 2D precursors on water soluble tape induced hydroxyl 
termination for strong bonding.  The silicone elastomer was then stretched to carry the 2D 
precursors along with the water-soluble tape.  Heating at 70 °C for 8 min formed strong chemical 
bonding between the bonding regions of the 2D precursors and silicone elastomer.  After 
dissolving water soluble tape with water and AZ 5214 as acetone, releasing the prestrain applied 
to the silicone elastomer enabled out-of-plane translations of the non-bonding regions. 
6.2.2 Mechanical characterization 
A PI 88 SEM PicoIndenter (Bruker Nano Surfaces, Eden Prairie, MN) was used 
to perform the in situ compression experiments. An extended range (xR) transducer allowed for 
large displacement up to 150 µm. The indenter itself consisted of a diamond flat punch with a 100 
µm diameter. The experiments utilized a displacement-controlled mode at a loading rate of 1 
µm/s.  The samples were coated with 5 nm of Pt/Pd to provide charge dissipation during SEM 
observation. 
6.2.3 Finite Element Analysis 
Three-dimensional (3D) finite element analysis (FEA) simulated the final configurations 
and strain distributions of the 3D structures using the commercial software ABAQUS. The 
kirigami structures consisted of four-node shell elements, and the elastomer substrates consisted 
of eight-node 3D stress elements. Surface Contact is applied between the structure and substrate 
with friction coefficient of 0.3 (“penalty” setting for tangential behavior and “hard contact” for 
normal behavior in ABAQUS). Convergence of mesh sizes ensured computational accuracy. The 
elastomer substrate was modeled using a hyperelastic constitutive relation (Mooney-Rivlin model) 
with parameters C10=0.06757 MPa, C01=0.01689 MPa and D1=0.48 MPa-1 in ABAQUS. The 
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elastic moduli (E) and Poisson’s ratios (ν) for SU-8 and silicon were ESU-8 = 4.02 GPa, νSU-8 = 0.22, 
ESi = 130 GPa, and νSi = 0.27. 
6.3 Results 
Figure 6.1 illustrates the 2D design patterns and the transformation into 3D structures using 
compressive buckling. Four different kirigami structures were made using a fixed pre-strain of 
65%. The red color represents the bonding region to the elastomer substrate. Silicone was used as 
a platform for the assembly of these structures. SEM images were taken before the start of the in 
situ compression experiments (see Figure 6.1b). A 12 µm diameter fiber is seen in front of the 
table structure and provides a perception about the size of these structures.    
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Figure 6.1 (a) Conceptual illustration of the 3D kirigami structures, which were assembled 
from 2D precursors by compressive bukling using FEA results (scale bar is 100 µm) (b) 
corresponding SEM images for the 3D structures (scale bar is 30 µm). 
 
Precise height measurements for the four fabricated structures were taken using a 
profilometer. The height was found to be 75 µm for the table and ring structures and 70 µm for the 
tent and rotated table structures. For the rotated table, due to the inclined top surface, the height 
was averaged. The in situ compression was carried out in two steps. In this study, we defined the 
percentage of compression based on the height measurement for each structure. For example, 50% 
compression refers to 35 µm of vertical displacement of the flat punch, while 70 µm displacement 
represents 100% compression of the rotated table sturcture. All structures, except the tent, were 
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compressed to ~50% of their initial height followed by a complete unloading of the flat-punch. 
Five minutes was set as a wait time to allow relaxation of the structure and substrate before 
carrying out the next experiment of 100% compression. Both the 50% and 100% compression 
experiments were performed on the same structure except for the tent structure. These two 
experiments were repeated on a second sample for each structure to assess repeatability. The first 
tent was compressed to 30% while the second tent was compressed to 100%.  
Figure 6.2 shows typical load-displacement curves for the four structures. The recorded 
videos for the compression experiments are provided in the supporting information (movies 6.1-
6.8). The load-displacement curves demonstrated three regions in the compression of kirigami 
structures: linear deformation, rapid buckling, and stiffening behavior. The three regions are 
marked in Figure 6.2a and are similar to those identified in other 3D structures, such as foam-like 
arrays of carbon nanotubes.271 The deformation was linear and nearly recoverable from the point 
of contact to 50% compression. For the second region, the reduction in the slope of the load-
displacement plot indicates rapid buckling, i.e., large displacements produce small increases in 
force. Once approaching a compression of 100%, the stiffness increased due to the nonlinear 
compression of the legs of the structures accompanied by deformation of the substrate.  
Similarly, unloading the structures showed the substrate effect. All structures showed the 
unloading curve with two different slopes, except the tent structure. The change in the slope took 
place around 50 µm displacement. This indicated two distinct unloading behaviors after removal 
of the flat punch. First, the substrate recovered quickly followed by a mixed relaxation of both the 
structure and the substrate. Indeed, this could be seen in the sumpplementary movies 6.1, 6.2 and 
6.3. The tent structure showed a drop in the load at ~100% compression, which correlated with a 
twisting of the structure in the recorded video (supplementary movie 6.4). 
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The load-displacement curves highlight different levels of energy dissipation for each 
kirigami structure based on the area under the load displacement curve. The rotated table structure 
had the lowest energy dissipation, followed by the ring, and finally the table and the tent structures. 
The elastic recovery followed the same order, i.e., the rotated table structures showed the highest 
elastic recovery. The energy dissipation is due to viscoelastic/plastic effects and possible fracture 
events. Therefore, structures with lower energy dissipation exhibited higher elastic recovery. Table 
6.1 shows the response to mechanical compression for all the structures as a function of the load 
carrying capability, elastic recovery, and unloading stiffness. Both the maximum load and stiffness 
were calculated using 50% compression experiments to avoid substrate effects. The elastic 
recovery was calculated using the 100% compression experiments. A correlation exists between 
the stiffness and recoverability, where a stiffer structure exhibits less elastic recovery.  
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Figure 6.2 Load versus displacement data for flat-punch compression of (a) Table (b) Rotated 
Table (c) Ring, and (d) Tent structures. 
 




Bearing [µN] a) 
Max Compression 





Rotated table 220 36.1 89.5 6.1 
Ring 500 36.2 84.2 13.9 
Table 670 35.6 77.7 18.1 
Tent 450 20.4 70.2 23.7 
a) Properties measured at 50% compression experiments to avoid substrate effects. 
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Figure 6.3 provides further insight into the deformation of each structure by taking 
snapshots from each movie during compression. The snapshots were taken at intervals of 0, 25, 
50, and 100% compression. The structures experienced either one-fold bending, two-fold bending, 
or bending and twisting. The deformation in the table structure took place both inward (towards 
SU-8) and outward (towards Si), as illustrated by the arrows in Figure 6.3. That is, some regions 
of the Si thin film experienced tension while others experienced compression. These images help 
explain the rapid buckling or softening of the table structure, as they undergo larger elongation in 
the legs in the form of two-fold bending. Due to the rotated arrangement of the legs, the rotated 
table structure deformed by both bending and twisting. Finally, both the ring and tent structures 
experienced one-fold bending. Additionally, the tent structure exhibited slight twisting upon 
reaching close to 100% compression. The arrows in Figure 6.3 provide an illustration of the 
deformation direction. For example, the double arrows for the table structure show two-fold 
bending. Corresponding FEA simulations were carried out using the commercial software 
(ABAQUS) and the distributions of maximum principal strain in the Si layer under different stages 
of compression were also shown in Figure 6.3. Good agreements of the deformation patterns can 
be observed between FEA and experiment, for all of the examples studied here. The FEA results 
indicated strain concentrations at the ribbon-membrane connection regions in the table and rotated-
table structures, as well as the ribbon-ribbon connection regions in ring and tent structures. This is 
in accordance with the relatively small radius of curvature at these regions. The FEA predicts slight 
twisting of the tent structures once reaching 100% compression, as revealed by experiment.  
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Figure 6.3 Snapshots taken from the recorded movies at the start of the compression, 25%, 
50%, and 100% compression for the (a) Table (b) Rotated table (c) Ring (d) Tent structures. 
(scale bar is 30 µm). 
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While Figure 6.3 provides in situ snapshots from the recorded movies, Figure 6.4 shows 
the SEM images at higher resolution, taken before and after each experiment. The 50% 
compression experiments were nearly recoverable, and there was no change in the shape of the 
legs. However, the 100% compression experiments yielded observable plastic deformation in all 
structures except the rotated table structure, which recovered to the initial height. The three other 
structures had similar residual deformation in the legs in a form of a sharp curvature towards the 
SU-8 layer. Even though the table structure had two-fold bending, the bottom bending toward the 
SU-8 layer was larger and left larger residual curvature likely revealing possible plastic 
deformation or fracture in the SU-8 layer. If the SU-8 film yielded and the maximum strain was 
higher than the fracture threshold of SU-8 (~10-12%),272 the SU-8 will not recover fully and 
elastically. If SU-8 experiences elastic behavior before this threshold, then it will break without a 
plastic domain.273 Fracture events might explain the softening (rapid buckling) for the structures 
above 50% compression. Since the thickness of the Si layer is 10% of the SU-8 layer, fracture 




Figure 6.4 SEM images taken before the start of compression, after 30-50%, and after 100% 
compression for the (a) Table (b) Rotated table (c) Ring (d) Tent. (scale bar is 30 µm) 
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Figure 6.4 Continued.  
 
To better understand the residual curvatures in the legs of the structures, FEA was carried 
out to calculate the von Mises stress and maximum principal strains. The von Mises stress is used 
to predict the yielding of a material once subjected to a complex loading, while the maximum 
principal strain provides the largest normal strain, which is of interest to understand the 
deformation and/or fracture in the SU-8 layer under compression. Similar contours are provided 
in the supporting information for the Si layer under compression.  
Figure 6.5b revealed insights about the maximum strain experienced by the structures 
under 100% compression. Only the rotated table structure had a maximum principal strain (~8.0%) 
lower than 10%, therefore it maintained an elastic deformation. Other structures experienced 
strains higher than the fracture strain threshold of SU-8, which led to the residual change in the 
curvature of the legs and potentially fracture events. In terms of stress, structures with bending-
dominated deformation experienced high stresses in the bottom of the legs. On the other hand, the 
rotated table structure had higher stresses in the top part of the legs due to the combined 
bending/twisting deformations.  
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Figure 6.6 shows contours of von Mises stress and maximum principal strain in the Si layer 
only for all the fully compressed structures.  The maximum strain (stress) is mainly located at the 
ribbon-ribbon (or ribbon-membrane) connections, which means the compression loading is mainly 
taken by these regions. The maximum principal strain for the Si layer is about 4.3% for the table 
structure, and in the range of 2.9-3.5 % for the other structures. Even though the maximum strain 
is slightly higher than the maximum tensile strain to fracture for bulk Si (2-3%), others reported 
that nanoscale silicon structures can reach higher tensile strains of ~5-7% without fracture.274  
Indeed, yielding does not occur in single crystalline silicon until fracture takes place. The yield 
strength is 7000 MPa,275 and only the table structure approached this limit. Therefore, there is no 
any indication of fracture or crack in the silicon layer. We anticipate that the fracture could have 
occurred in the thicker SU-8 layer for the table, ring and tent structures where the strain was higher 
than the fracture threshold of SU8 (~10%).       
6.4 Summary of Chapter 6  
This chapter discussed the fabrication and deformation of 3D Si/SU-8 kirigami structures, 
which have potential applications in 3D NFC devices and 3D MEMS. The operation of these 
devices requires a high level of mechanical reliability of their components. In addition, for 
example, MEMS are made of silicon and its oxides, which is inherently stiff and brittle, and can 
undergo only 2-3% tensile strain to fracture in 2D configurations. However, silicon can undergo 
larger deformations without fracture once fabricated in 3D configurations as shown herein and by 
others in the literature.  
Multilayered 2D precursors of brittle Si and SU-8 buckled up to create functional flexible 
3D structures. In situ flat punch compression provided insight into the deformation mechanics of 
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kirigami structures. In particular, during 50% compression, the structures recovered elastically 
back to their initial heights. By comparison, 100% compression produced permanent changes and 
possible micro-fracture events in the curvature of the legs of the structures. Still, no experimental 
evidence of the micro-cracks/delamination were observed in the structures, even up to 100% 
compression, thereby highlighting the flexibility of these structures. Computational modeling 
supported the experimental findings and provided further insight into the dependence of 
deformation on the geometry of the structures. The mechanical and geometric properties (such as 
bending stiffness) at the connections play an important role during the deformation (compression, 
bending or twisting) of the structures and influence the final configurations of the kirigami 
structures, which should be considered during the design of the kirigami structures.  
In addition, the energy dissipated by these structures is important as it indicates if they will 
be durable against repeated deformations and maintain stable hysteretic cycling. The future works 
need to focus in addressing how these structures behave under repeated compressive load. The 
energy dissipation is due to viscoelastic/plastic effects. Therefore, the strain rate and other time-
dependent properties need to be explored as well for both the structures and the substrate. Besides 
geometry and time-dependent properties, the thickness of each of the Si and SU8 layer, which is 
not studied here, can be a variable to reduce the maximum strain (stress) in the structure. The 
agreement between the computational and experimental results suggests the possibility for future 
computational simulations to optimize pre-cursor design for load bearing, energy dissipation, and 
elastic recovery capabilities.  
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Figure 6.5 FEA results for the compression of SU-8 layer in the kirigami structures (under 
100% compression) showing von Mises stress (MPa, left column) and maximum principal 
strain (right column) for the (a) Table (b) Rotated table (c) Ring (d) Tent. The substrate and 
punch were removed to allow visual observation of the stress and strain contours in the 
structures. 
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Figure 6.6 FEA results for the compression of Si layer in the kirigami structures (up to 100% 
height compression) showing von Mises stress (MPa, left column) and maximum principal 
strain (right column) for the (a) Table (b) Rotated table (c) Ring (d) Tent. The substrate and 
punch were removed to allow visual observation of stress and strain contours in the structures. 
 
6.5 Supplementary movie legends  
• Movie 6.1:100% compression of Table structure  
• Movie 6.2: 100% compression of Rotated table structure. 
• Movie 6.3: 100% compression of Ring structure. 
• Movie 6.4: 100% compression of Tent structure. 
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• Movie 6.5: 50% compression of Table structure. 
• Movie 6.6: 50% compression of Rotated table structure. 
• Movie 6.7: 50% compression of Ring structure. 
• Movie 6.8: 30% compression of Tent structure. 
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7 NEW RIENFORCMENT FOR COMPOSITES: 2D ALB2 FLAKES*  
 
7.1 Introduction 
Since the discovery of the first graphene flake in 2004 through the mechanical cleavage of 
highly ordered pyrolytic graphite, two-dimensional (2D) nanomaterials has attracted more 
attention due to their potential use in a range of applications such as catalysis, electronic and 
optoelectronic devices, electrodes for energy storages, and nanocomposites.276,277 2D Materials 
such as graphene have versatile and enhanced mechanical, chemical and electrical properties.278,279 
The success of 2D graphene has motivated scientists in the last years to pursue the search for 3D 
materials that can be exfoliated by separating a 3D compound into single or few 2D layers.280 
These efforts successfully have led to the discovery of promising new 2D materials beyond 
graphene such as hexagonal boron nitride and transition metal dichalcogenides (TMDs).281,282 
Therefore, the space of 2D materials is expanding and getting more mature as a distinct class of 
materials bringing new capabilities, functionalities and technologies, which were not attainable 
with their parent 3D materials.  
Layered metal oxides, nitrides and carbides are already being explored and were found to 
be promising 2D materials for different electronic devices.283 To date, there is no literature about 
2D materials based on metal borides, while there are many advantages of pursuing metal borides 
as 2D materials such as low temperature synthesis, especially aluminum. Aluminum diboride 
(AlB2) has the unique properties of boron, and more cost-effective and practical to produce than 
																																																						
*Reprinted with permissions from “2D AlB2 Flakes for Epitaxial Thin Film Growth” by Humood, M.; 
Meyer, J. L.; Verkhoturov, S. V; Ozkan, T.; Eller, M.; Schweikert, E. A.; Economy, J.; Polycarpou, 
A. A. J. Mater. Res. 2018, 1–9. 
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pure boron, which is similar to graphene oxide, as compared to graphene.284 AlB2 single crystals 
show metallic conductivity in the axis parallel to the basal hexagonal plane.285 In addition, AlB2 
flakes were found to be a very effective reinforcement for polymer composites such as epoxies, 
with outstanding mechanical performance.286,287 Therefore, AlB2 flakes can be utilized for 
applications, which require conductive polymer composites. Due to the hexagonal structure, 
thermal and chemical stability, and electrical conductivity, metal borides have been used as 
substrates or barrier layers for heteroepitaxial growth of semiconductor devices.288,289 
The hexagonal crystal structure of AlB2 is one of the simplest inorganic structure types: a 
simple hexagonal cell of aluminum atoms with two boron atoms occupying the trigonal prismatic 
sites. The boron atoms form graphite-like sheets with the layers arranged into honeycomb-like 
structures separated by a lattice parameter (c) of 3.25 Å. AlB2 is a MB2 type material where M is 
for metals, and it has a metastable phase at room temperature.290,291  
Two morphologies of AlB2 crystallites have previously been identified – a low aspect ratio 
(LAR) equiaxed form of micron length, commonly used in grain refining of aluminum alloys, and 
a high aspect ratio (HAR) flake of up to a centimeter in width.292–295 Growth of HAR AlB2 single 
crystal flakes within an aluminum melt was demonstrated starting with a master alloy containing 
low aspect ratio AlB2, which was heated above the Al-B liquidus region followed by various heat 
treatments.287,296 Work by Hall and Economy showed that HAR flakes could be synthesized by 
heating merely above the Al(L)+AlB12↔AlB2 peritectic transition temperature, which is permitted 
by the lengthy growth time of AlB12 from the Al-B melt.297 In addition, aluminothermic processes 
have also been used to synthesize HAR AlB2 flakes.298  
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The growth of high quality and uniform epitaxial thin films requires substrates with both 
atomically ultra-smooth roughness and flat surfaces. This is necessary to prevent fluctuation in the 
electrical properties of the deposited electronic devices due to the quantum effect of electron.299 
The ultra-smooth surface roughness allows the continuous efforts towards the miniaturization of 
electronic devices, and result into a more uniform thin film growth. In addition, the surface flatness 
is important since oxidation proceeds in a layer-by-layer manner. Therefore, reducing fluctuating 
in heights such as surface atomic steps will reduce the thickness of the surface oxide layer. In other 
words, it will be possible to achieve a thinner complete oxide layer. This was successfully achieved 
here using the mechanical cleavage of the substrate without the need for any extra polishing or 
etching of the substrate’s surface, which simplifies the fabrication process. Once this new 
atomically smooth and flat surface is achieved, its stability against oxidation and surface 
reconstructions over short time in air is another critical requirement.300 Rapid oxidation after 
cleavage can result on roughening of the surface.301 Therefore, a low oxidation degree of the 
substrate is favorable for epitaxial thin film growth.   
Here, we show that millimeter-scale HAR AlB2 crystals grown in situ in an aluminum melt 
are cleavable via dry mechanical exfoliation resulting in 2D AlB2.302–304 This is potentially of 
interest with respect to ongoing investigations towards low-dimensional boron phases,305–307 as a 
surface for epitaxial growth experiments, as well as the relatively high p-type conductivity (7.5 
µΩ·cm) of the AlB2 phase in the basal plane.291 We monitored the surface of cleaved AlB2 in terms 
of roughness and oxidation using AFM and SIMS respectively. The 2D cleaved flakes were found 
to be stable under ambient conditions for enough time to carry on the subsequent thin film growth 
of TiO2 using ALD.  
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7.2 Experimental Details 
7.2.1 Fabrication of HAR Flakes   
Initially, an aluminum-boron (5 wt%) master alloy (KB Alloys) was alloyed with a 99.99% 
pure aluminum ingot (Alcoa) by heating to 750°C in an alumina crucible under flowing argon 
atmosphere and then cast in a cylindrical graphite mold. To produce the high aspect ratio (HAR) 
flakes in an aluminum solution, a cast ingot was then heated to 1360°C (above liquidus 
temperature) under flowing argon in an alumina crucible and then cooled to 900°C (below 
peritectic temperature) for one hour after which the sample was allowed to cool to room 
temperature at a rate of 0.2°C/min. HAR AlB2 flakes were then extracted by etching away the 
aluminum matrix by 37% hydrochloric acid (Fisher Scientific), which yielded aluminum chloride 
(AlCl3) precipitates and hydrogen gas. HAR AlB2 flakes were separated from liquid phase by 
vacuum filtration using a Buchner funnel. Wet residue, composed of aluminum chloride powder 
and HAR AlB2 flakes, was then washed with copious deionized water followed by isopropanol 
and dried in a convection oven at 110°C. Flakes were then separated from the powder by gentle 
sieving by hand with a 90 µm mesh sieve. This was followed by gentle flush with isopropanol and 
subsequent drying at 110°C for 2 hours. The as-grown flakes did not form an oxide layer during 
synthesis, because they were protected from oxygen by 1) the argon atmosphere but more 
importantly 2) the aluminum melt. The native oxide formed during and after the extraction and 
drying process from exposure to atmospheric oxygen rather than the free oxygen in the aluminum 
melt. 
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7.2.2 Atomic Force Microscopy (AFM) 
The AFM images were scanned using a Cypher AFM instrument (Asylum Research, Santa 
Barbara, CA). The scans were carried out using non-contact mode and with 8 nm diameter silicon 
tip, and a scan rate of 0.5 Hz and 512 samples per line. 
7.2.3 Nanoindentation 
The mechanical properties were measured using a commercial indenter, TI Premier 
(Bruker, Minneapolis, MN), and the experiments were carried out using load-control mode. A cube 
corner probe was used (tip radius of 40 nm) to maintain shallow indentation depths. For all 
experiments, 5 s time periods for loading and unloading and 2 s dwell time at maximum 
nanoindentation load were used. The hardness (H) and reduced elastic modulus (Er) were obtained 
from the first one-third of the unloading curve according to the Oliver and Pharr method 29. The 
indenter probe was calibrated using a standard fused quartz (FQ) sample. 
7.2.4 X-ray diffraction (XRD) 
A Siemens/Bruker D-5000 XRD system (Radiation is Cu K-alpha and wavelength is 
0.15418 nm) is used to obtain crystallographic structure determination.  
7.2.5 Secondary Ion Mass Spectrometry (SIMS) 
A CAMECA 4f SIMS was used in dynamic mode, for the measurement of the thickness of 
the oxide layers. The profiling was done with 14.5 keV Cs+ ion beam (raster 500x500 µm2, image 
collimation diameter 50 µm, sputtering rate 0.01 nm/s).  
7.2.6 Atomic Layer Deposition (ALD)  
An Ultratech / Cambridge NanoTech Savannah S200 ALD System is used to deposit TiO2. 
ALD allows atomic-level control for the growth, which results in an epitaxial growth of the film. 
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7.3 Results and Discussion 
7.3.1 Nanomechanical properties 
Flakes were secured on AFM metal disks using an adhesive, and left to dry overnight in a 
well-ventilated room. Mechanical cleavage was then performed using mechanical exfoliation (3M 
scotch tape) inside a glove box filled with Argon gas. The scotch tape, was pressed on the flake 
and gently peeled up. This exposed the ultra-smooth pristine interior with an extremely flat surface. 
Figure 7.1(a-b) shows the SEM cross-sectional view of both as-grown and cleaved flakes. The 
thickness values were 6 and 10 µm for cleaved and as-grown flakes, respectively. The mechanical 
cleavage removed about 4	µm thick layer of the as-grown flake and was facilitated by the 
Kirkendall void formed due to diffusion rate differences and compositional gradients encountered 
during the synthesis of AlB2 flakes. The cross-sectional SEM image in Figure 7.1(a) shows the 
length scale and orientation of these voids pointing to morphological origins of the flake formation 
above the liquidus temperature. Similar Kirkendall voids were observed with other binary alloy 
systems of Al, specifically Ti-Al and Ni-Al systems.308 However, to the best of our knowledge, 
this is the first scientific study reporting the presence of planar Kirkendall voids in AlB2 flakes. 
 
 
Figure 7.1 Cross sectional SEM images for (a) as-grown and (b) cleaved AlB2 surfaces. Scale 
bar is 10 µm. 
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Figure 7.2(a) shows a step between the as-grown and cleaved surface. Figure 7.2(c) shows 
the cleaved surface over a large area (10,000 Å x 10,000 Å) with Rq roughness of 1.07 Å and a z-
height noise floor of 0.5 Å. The unit cell, co, is found to be 3.01 Å. The cleaved flake has 80 times 
lower Rq roughness than the as-grown flake, which has significant defects and intermetallic 
formations (see Figure 7.2(b)).  
 
 
Figure 7.2 (a) AFM of the AlB2 flake showing a step generated after cleavage, (b) as-grown 
and (c) cleaved surfaces. 
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The nanoindentation probe was calibrated according to the Oliver-Pharr method between 
contact depths of 3-65 nm.64 Figure 7.3(a) shows the residual image of a 150 µN peak load 
indentation, measured on the cleaved surface. The cross-section profile shows atomic-scale 
topography in Figure 7.3(a), where 3 Å height accounts for an atomic step height. There is no clear 
pile-up under this indentation load. For a higher indentation load of 720 µN, Figure 7.3(b) 
illustrates a significant pile-up around the indentation mark. The pile-up phenomenon shows 
highly crystallographic localized material flow.309  
 
 
Figure 7.3 Residual indentation images and cross-section profiles (1x1 µm) after (a) 150 µN 
and (b) 720 µN indentation load on the cleaved sample under ambient dry conditions. 
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Table 7.1 provides the extracted nanomechanical properties of both samples: as-grown 
AlB2 and cleaved AlB2. The cleaved sample had higher elastic modulus and hardness. The reduced 
elastic modulus value (~174 GPa) was close to the bulk modulus measurement available both as a 
simulated/ calculated value provided by Duan et al.310, Shein and Ivanovskii311 and Gaillac et al.312 
Figure 7.4(a) and Figure 7.4(b) show representative load/displacement curves for both samples for 
indentation loads of 150 and 720 µN respectively. There were discrete fracture events in both 
samples, being more pronounced in the cleaved sample. The first fracture event in the cleaved 
sample took place in depths of 3-5 nm where the tip broke through a specific number of layers, 
where c = 3.25 Å. Therefore, for such nanoindentation depths, it was about 10-15 layers. These 
pop-in events in the loading part of the load-displacement curve of the cleaved sample were 
attributed to transverse cracking due to relatively lower incompressibility of AlB2 on the plane of 
hexagonal symmetry.296 This response is further amplified by the high Zener anisotropy as shown 
through first-principles calculations.310 Through the introduction of freshly cleaved surface, we 
eliminated the inherent structural compliance of the flake originating from the Kirkendall void, 
which clearly manifested itself through the increase in reduced modulus as indicated by Table 7.1.  
 
Table 7.1 Nanomechanical properties of as-grown and cleaved AlB2 flakes. 
Specimen Er (GPa) H (GPa) Rq (Å) 
AlB2 as-grown 174.36±8.33 22.00±2.16  81.1 
AlB2 cleaved 183.92±9.00 28.72±1.99  1.1 
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Figure 7.4 Representative load-displacement curves for peak indentation loads of (a) 150 µN 
and (b) 720 µN, for the as-grown and cleaved samples. 
 
The freshly cleaved AlB2 exhibits a harder and more brittle response. This experimental 
observation is in agreement with the findings of the first-principles calculations study, which 
assigned the highest brittleness among all metal diborides to AlB2 based on bulk to shear moduli 
ratio.310 The lack of structural compliance due to the removal of Kirkendall void combined with 
the intrinsically higher incompressibility of AlB2 normal to the hexagonal symmetry plane, explain 
the hardness increase with the freshly cleaved samples.  
In the case of as-grown flake, there is a thick superficial oxide layer, which provides a 
compliant response for penetration depths less than 10 nm. For the same sample, the lower 
frequency of fracture events even at higher loads points to a more uniform distribution of applied 
stress onto the underlying AlB2 through the conformal oxide. A further insight concerning the 
native oxide is provided below using SIMS depth profiling. This surface layer was determined to 
be a conformal oxide consisting of Al2O3 and B2O3. 
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7.3.2 The surface chemistry of cleaved AlB2 
7.3.2.1 XRD 
Figure 7.5(a) presents the XRD patterns obtained over the as-grown and cleaved AlB2 
flakes. Figure 7.5(b) shows more single-crystalline surface for the cleaved flake, as seen by the 
sharper peak. Figure 7.5(c) shows a semi-log scale for the cleaved surface with different 
crystallographic planes, which are labeled in the figure. The blue dashed lines represent the relative 
normalized polycrystalline peak intensities of AlB2, which are extracted from the literature.313 The 
cleaved plane showed only the diffraction peaks corresponding to the basal plane. 
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Figure 7.5 XRD for as-grown and cleaved AlB2 flakes in (a-b) linear scale, and (c) log scale 
for cleaved sample. 
 
7.3.2.2  SIMS depth profiling 
The oxidation of AlB2 via exposure in dry air or oxygen was investigated for the samples 
with main attention on the kinetics of oxidation and its growth rate.  For the case of air exposure 
of the cleaved surface of AlB2 mono-crystal, there is an important question concerning the oxide 
layers, which need to be addressed, such as: How does the few nm thickness of the oxide layer 
change with the time of oxidation? The kinetics of oxidation growth rate is important to ensure 
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stability of cleaved surface before the successive chemistry on surface such as the deposition of 
epitaxial thin films.  
To gain further insight about the compositional analysis of AlB2 as a function of depth, 
SIMS CAMECA 4F was used for depth profiling. The angle of incidence of the beam was 26º. The 
measured secondary ions were negatively charged. Three different areas of each sample were 
probed. The profiles for these areas were very similar and shown in Figure 7.6. The SIMS 
characterization included both the as-grown and cleaved flakes. The purpose of characterizing the 
as-grown flake as well was to show the effect of cleavage on the surface roughness and the 
oxidation layer of the surface of the flake.   
 
 
Figure 7.6 Quantitative SIMS depth profiles of (a) as-grown AlB2 and (b) cleaved AlB2 flakes. 
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Figure 7.6 Continued. 
 
Within the first 35 s of profiling the as-grownAlB2 sample shown in Figure 7.6(a), the 
surface contamination was removed (Zone I). The transition zone II was characterized by 
increasing concentration of Cs (delivered from the beam), which increased the ionization 
probability of the emitted ions. It means that increasing of the signals of ions in this zone did not 
match with the increasing concentration of the corresponding oxides. Zone III showed decreasing 
concentration of oxides, with increasing B and Al. The next zone was the profiling of the bare 
AlB2 (the signals of B and Al are steady).  
The observed high signals of AlO2 and BO2 indicated strong oxidation, thus the topmost 
layer likely consisted of oxidation states for Al and B such as Al2O3 and B2O3. Previously, the 
oxidation kinetics of AlB2 was investigated for the powders which were heated in air (10° 
C/min).314 It was found that at the temperatures >600° C, the oxide products Al2O3 and B2O3  form 
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Al4B2O9 (2Al2O3*B2O3) due to strong removing of B2O3. For the case presented here, the 
temperature of drying in air was 110° C only, thus likely, the products of oxidation Al2O3 and 
B2O3 form Al2O3*2B2O3.  Referring to Figure 7.6, the top x-coordinate shows the profiling depth, 
which is calculated with the TRIM code, commonly used for sputtering (http://www.srim.org/). 
The profile shows that the native oxide layer was grown via exposure to atmospheric 
oxygen during the drying of manufactured sample, which was inserted into a convection oven at 
110°C for 120 min. The depth profile showed that the thickness of the oxide layer was ~8nm. An 
interesting feature was the observation of the signal of BH. This signal was notable even at a depth 
of ~15 nm in the bulk AlB2. Perhaps hydrogenation occurred at the time of synthesis of AlB2. 
Now we consider the cleaved 2D AlB2, which was exposed in air for 5 min after the 
mechanical cleavage. The profile of this sample was different. Within the first 40 s of profiling the 
cleaved sample shown in Figure 7.6(b), the surface contamination (carbon, “natural boron”) were 
removed (Zone I). Zone II showed the decreasing concentration of oxides, with increasing B and 
Al. The next zone was the profiling of the bare AlB2 (the signals of B and Al are steady). The 
observed signals of AlO2 and BO2 indicated that the topmost molecular layer consisted of Al2O3 
and B2O3 similar to the as-grown flake before the cleavage. However, the rapid decreasing of the 
signals of AlO2 and BO2 (~ 5 times within 1 nm of profiling) showed that the degree of oxidation 
was reduced with the depth. The total thickness of the oxide layer was less than 1 nm (Figure 7.6b). 
One should note that the extended low intensity signals of Al2O3 and B2O3 (intensities decrease 
100 times) at the depth of > 2 nm were due to the common diffusion effect stimulated by the beam 
of primary ions of 14.5 keV Cs+. Similar to the sample with a native oxide layer, an interesting 
feature was the observation of the signal of BH. This signal was notable even at a depth of ~5 nm 
in the bulk AlB2. The sudden increase of signals of Al2 and 10
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flat at the probing area which is of 500x500 µm2. Therefore, the results of SIMS depth profiling 
support the findings of AFM roughness imaging. 
7.3.3 Epitaxial thin film growth 
 To demonstrate the superior surface of cleaved AlB2, ALD was used to deposit a TiO2 
film with a thickness of 10 nm. Also, silicon on insulator (SOI) is used for TiO2 deposition, for 
comparison. Silicon is a common substrate for the growth of epitaxial thin films especially in 
semiconductor manufacturing. SOI refers to a layered structure of thin silicon film (~200 nm), top 
of insulator (1000 nm thick SiO2 layer) and finally the micro-thick silicon wafer substrate. The 
silicon wafer was cleaned with acetone and methanol successively using ultrasonic cleaner. A hot 
air was used to dry the Si between both solutions. The silicon was used for deposition herein 
without any further etching of the native SiO2 oxide. The aim of this experiment was to understand 
how the superficial oxide layer of cleaved 2D AlB2 and Si would influence the growth of epitaxial 
thin film. 
To evaluate the quality of the epitaxial growth of TiO2 film on both AlB2 and Si, SIMS 
depth profiling and AFM topography imaging were used, as shown in Figures 7.7 and 7.8 
respectively. SIMS showed four distinct layers for the TiO2/Si sample, where two of them were 
titanium oxide layers. The first layer (area I) was the pure TiO2 film, while the second layer (area 
II) consisted of titanium oxide with a strong content of the carbon (perhaps hydrocarbons). The 
third layer was the silicon oxide with a strong content of the carbon as well. The fourth layer (area 
IV) is the pure Si film. The estimated thicknesses of the layers are presented as the X coordinate 
at the top of the graph. On the other hand, three notable profile areas were observed for the 
TiO2/AlB2 sample. Area I showed the TiO2 layer of thickness ~9 nm. The second area was the thin 
natural oxide layer of AlB2 with thickness of ~3.7 nm. Area III was the body of the AlB2 substrate. 
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The AFM images were used to measure the Rq roughness (see Figure 7.8). The roughness was 2.6 
and 5.4 Å for the TiO2 thin film on both AlB2 and Si substrates, respectively. The TiO2 thin film 
grown on AlB2 was smoother as compared to the one grown on silicon. This was due to two reasons 
(a) the cleaved AlB2 had smaller surface roughness than Si and (b) cleavage removed the majority 
of AlB2 surface defects. Therefore, cleavage improved the conditions of AlB2 surface for epitaxial 




Figure 7.7 Quantitative SIMS depth profile and AFM roughness images of epitaxial grown (a) 
TiO2/Si and (b) TiO2/cleaved AlB2. 
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(b) 




Figure 7.8 AFM roughness images of the TiO2 film deposited on (a) silicon substrate and (b) 
cleaved AlB2 surface. 
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7.4 Summary of Chapter 7  
To achieve the growth of high quality epitaxial thin film, the substrate needs to be 
atomically ultra-smooth and flat, highly single crystalline and has a stable and low degree of 
oxidation. The cleaved AlB2 was found to successfully attain all these requirements. The as-grown 
AlB2 surface layer had substantial defects and evidence of intermetallic formation. The cleavage 
of AlB2 flake yielded the surface layer more single crystalline. In addition, the cleaved AlB2 flakes 
had a surface roughness that was lower than the lattice parameter c of the AlB2 phase and showed 
enhanced mechanical properties. Using atomic ion SIMS, we were able to characterize the oxide 
surface and subsurface of AlB2 at the nanoscale. The as-grown flake had a native oxide layer with 
a thickness of ~8 nm. This oxide layer consisted of Al2O3 and B2O3. The cleavage resulted on a 
2D AlB2 with a superficial oxide layer with an average thickness of ~1 nm. The oxide layer was 
stable after cleavage as shown by AFM and SIMS, providing enough time to carry on the thin film 
deposition taking advantage of the atomic scale ultra-smooth and flat surface. TiO2 thin film 
deposition showed that the cleaved AlB2 can be a promising 2D material for thin film epitaxial 
growth.  
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8 SUMMARY OF THESIS RESEARCH AND RECOMMENDATION FOR FUTURE 
WORK 
 
8.1 Summary of the thesis 
Nanoindentation, micro-compression and nanoscratch experiments were performed in this 
thesis on thin multilayer nanocomposites in order to understand their mechanics and behavior 
against normal and sliding contact. Present work dedicates to investigating the nanomechanics and 
nanotribology, and their connection to the fabrication of flexible nanocomposites. Contributions 
and new findings of the investigation can be summarized as below: 
 (1) In Chapter 2, the 2D multilayer thin films were manufactured using the LbL assembly 
technique. These films are known to exhibit high gas barrier, but little was known about their 
durability, which is an important feature for various packaging applications (e.g., food and 
electronics). Films were prepared from bilayer and quadlayer sequences, with varying thickness 
and composition. In an effort to evaluate multilayer thin film surface and mechanical properties, 
and their resistance to failure and wear, a comprehensive range of experiments were conducted: 
low and high load indentation, low and high load scratch. some of the thin films were found to 
have exceptional mechanical behavior and exhibit excellent scratch resistance.  
Specifically, nanobrick wall structures, comprised of montmorillonite (MMT) clay and 
polyethylenimine (PEI) bilayers, are the most durable coatings. PEI/MMT films exhibit high 
hardness, large elastic modulus, high elastic recovery, low friction, low scratch depth and a smooth 
surface. When combined with the low oxygen permeability and high optical transmission of these 
thin films, these excellent mechanical properties make them good candidates for hard coating 
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surface-sensitive substrates, where polymers are required to sustain long-term surface aesthetics 
and quality.  
(2) In case of graphene-based films, one main drawback was the weak interfacial bonding, 
which resulted in a weak adhesion to substrates and low scratch resistance. Typically, this is 
overcome by adding polymer layers to have stronger adherence to the substrate and between 
graphene sheets. Yet, these multilayer thin films were found to have lower resistance to lateral 
scratch forces, when compared to other reinforcements such as polymer/clay nanocomposites. 
Graphene is a versatile composite reinforcement candidate due to its strong mechanical, tunable 
electrical and optical properties, and chemical stability.  
To solve this issue, two additional processing steps were suggested in Chapter 3 here to 
improve the scratch resistance of these films: graphene reduction and polymer crosslinking. 
Graphene/polymer nanocomposites consisting of polyvinylamine (PVAm) and graphene oxide 
(GO) were fabricated using Layer-by-Layer assembly (LbL) technique. The reduced elastic 
modulus and hardness of PVAm/GO films were measured using nanoindentation. Reducing GO 
enhances mechanical properties by 60-70% while polymer crosslinking maintains this 
enhancement. Both, graphene reduction and polymer crosslinking shows significant improvement 
to scratch resistance. Particularly, polymer crosslinking leads to films with higher elastic recovery, 
50% lower adhesive and plowing friction coefficient, 140 and 50% higher adhesive and shear 
strength values respectively, and lower material pile-up and scratch width/depth.  
 (3) In case of all-polymeric multilayer thin films, they were found to be the least appealing, 
when it comes to scratch and wear resistance, especially when compared to clay and graphene- 
reinforced polymer nanocomposites. However, these films are favorable due to their ability to self-
heal damages. In Chapter 4, Self-healing of mechanical damages was triggered in polymeric 
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multilayer films of polyethylenimine/ polyacrylic acid (PEI/PAA) by exposure to high humidity 
conditions such as immersion in deionized (DI) water. In situ wet nanoindentation was carried out 
to demonstrate the swelling behavior of thin films in high humidity. Once immersed in DI water, 
the film became softer, where roughness, modulus and hardness were reduced by about 100%. 
Once the film was dried, its mechanical properties were restored but not its morphology.  
In this work, Heating was found to be required to promote the evaporation of immobilized 
water molecules, which bonds with the polymer once being immersed in DI water. When heating 
above glass transition temperature (Tg) was introduced, a formation of new bonding between both 
PEI and PAA took place leading to the formation of new topographical features similar to the as-
deposited film. This reconstruction under high temperature (HT) was accompanied by more than 
50% increase in the mechanical properties, which were measured using in situ HT nanoindentation. 
Multiple stimuli were required to achieve complete self-healing. The molecular mechanisms of 
these stimuli were determined using X-ray photoelectron spectroscopy (XPS) and Fourier 
transform infrared spectroscopy (FTIR). 
 (4) Chapter 5 discussed the role of substrate in the behavior of the multilayer thin films, 
which were deposited on these substrates. The mechanical properties of thin films are typically 
measured using nanoindentation and nanoscratch. Due to the cost and certain requirements such 
as improving functionality, the thin films need to be thinner than 200 nm. This can make the 
measurements more complicated due to the increase of substrate effects. The elastic response of 
nanoindentation in this case is a combination of film and substrate. Keeping nanoindentation 
depths within the “10% of film thickness” is a widely-used rule to reduce the effect of substrate 
effects. This rule tends to hold when the substrate is stiffer than the thin film. However, there are 
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more challenges to obtain reliable nanoindentation measurements, when the substrate is more 
compliant.  
Therefore, typically, coatings with unknown mechanical properties are deposited on stiffer 
substrate for nanomechanical testing to avoid issues with having an inelastic response by a more 
compliant substrate, which influences the extraction of intrinsic properties of a thin film. But, in 
many cases, it is more realistic to obtain the properties of a film/substrate system as it is used in 
real-life application. For example, gas barriers coatings are deposited on a compliant substrate 
such as poly(ethylene terephthalate) (PET). In this study, experiments represented two composites 
systems: a stiff film on compliant substrate and a compliant film on stiff substrate. The film 
remained the same in both systems, while the substrates were varied. Nanoindentation and 
nanoscratch were carried out in both systems. Challenges and recommendations were discussed 
based on the findings and whether having the film on a stiff substrate resemble the true behavior 
of polymer nanocomposites in real applications. 
 (5) Chapters 2-5 discussed how to improve nanocomposites by optimizing the material 
selection and further processing steps such as reduction and crosslinking. Chapter 6 provided an 
alternative choice for the optimization of nanocomposites through geometry/shape. Mechanically-
guided three-dimensional (3D) micro-assembly with controlled compressive buckling represents 
a promising emerging route to 3D mesostructures in a broad range of advanced materials, including 
single-crystalline silicon (Si), of direct relevance to microelectronic devices.  During practical 
applications, the assembled 3D mesostructures and micro-devices usually undergo external 
mechanical loading such as out-of-plane compression, which can induce damage in or failure of 
the structures/devices.  
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Here, the mechanical responses of a few mechanically-assembled 3D kirigami 
mesostructures under flat-punch compression are studied through combined experiment and finite 
element analyses (FEA). These 3D kirigami mesostructures consisting of a bilayer of Si and SU-
8 epoxy are formed through integration of patterned 2D precursors with a pre-stretched elastomeric 
substrate at pre-defined bonding sites to allow controlled buckling that transforms them into 
desired 3D configurations. In situ SEM measurement enables detailed studies of the mechanical 
behavior of these structures. Analysis of the load-displacement curves allows the measurement of 
the effective stiffness and elastic recovery of various 3D structures. The compression experiments 
indicate distinct regimes in the compressive force/displacement curves, and reveals different 
geometry-dependent deformation for the structures. Complementary computational modeling 
supports our experimental findings and further explains the geometry-dependent deformation. 
 (6) Last but not least, a new electrically-conductive reinforcement for polymer-based 
nanocomposites was discussed in Chapter 7. I reported on the mechanical cleavage of conductive 
metal-based aluminum diboride (AlB2) flakes. The cleavage resulted in a 2D material, which is 
highly single crystalline, and had an atomically flat and smooth surface as shown by atomic force 
microscopy (AFM) and secondary ion mass spectrometry (SIMS). Nanoindentation and AFM 
imaging of freshly cleaved specimens revealed sub-nm roughness and 30% improvement in the 
nanomechanical properties as compared to the original flakes. Once exposed to ambient air, the 
cleaved AlB2 flakes formed a superficial oxidation layer of less than 1 nm thickness within 5 
minutes.  
Owing to atomically smooth surface roughness, ultra-thin and stable oxide layer and 
excellent mechanical and electrical characteristics of AlB2, the exfoliated flakes present an ideal 
2D material for emerging applications in microfabrication such as the growth of epitaxial thin 
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films and as reinforcement for polymer nanocomposites. To prove the sub-nm surface 
characteristics of exfoliated AlB2, a 10-nm thick TiO2 film was deposited on freshly cleaved AlB2 
using atomic layer deposition. Surface roughness and compositional consistency of this film was 
compared with a control sample deposited on Si.  The TiO2 film on AlB2 showed a distinct thin 
interface layer with less defects than TiO2 on Si and superior flatness. This superior flatness is 
excepted to result on a strong interfacial bonding to the polymeric matrix.   
8.2 Recommendations for future work 
As seen in chapter 3 and 5, the mechanical behavior of a nanocomposite can be dominated 
by the interface between the filler and the polymer matrix in case of 2D PNC. Similarly, the 
bonding between the structure and the substrate in case of 3D PNC is crucial. Future studies need 
to be carried out in order to understand the mechanics and physics of these interfaces, which is not 
well understood. For example, time-dependent viscoelastic properties and thermomechanical 
response can varies widely based on the nature of this interface. The FEA models discussed in this 
thesis had fully-bonded condition between substrate and PNC. As a continuation of the work 
presented by this thesis, one path for future work is to characterize the mechanical properties near 
the interface and understand the bonding at the interface. The extraction of viscoelastic properties 
is important as well to be able to model the contact mechanics near the interface and predict the 
behavior of these PNC. Once such properties are extracted, they can be added as inputs to the FEA 
to achieve a better modelling response of these nanocomposites under deformation.  
Additionally, a fruitful continuation of this work is to understand the behavior of 3D 
nanocomposites particularly under cyclic loading. Fatigue resistance is important for the 
application of these nanocomposites: 3D flexible MEMS, which will be used as biosensors. 
Biology is inherently three-dimensional complex designs. In addition to the geometric complexity, 
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some biological systems as human skin undergo large elastic deformation due to their huge 
compliance. These geometrical and mechanical properties have introduced challenges for 
designing biosensors and bioelectronics. To overcome these challenges, we have fabricated 
microscale (3D) polymer-based kirigami architectures using patterning cuts on 2D thin layers of 
silicon and photodefinable epoxy (SU8), which is deposited on elastomer substrates to mimic the 
properties of the skin. The 2D layers are patterned using photolithography and reactive ion etching 
(RIE) in stretched elastomer substrate such as silicone to a certain prestrain. The transformation 
from 2D patterns into 3D engineered structures is carried out using compressive buckling. Studies 
of the compressive response, cycling and viscoelasticity of these structures will be done using in-
situ SEM flat-punch compression. The effect of strain rate is explored as well to understand creep 
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APPENDIX  
A FRAMEWORK FOR MODELLING THE NANOMECHANICAL PROPERTIES OF HIGH 
TEMPERATURE HFBXCY COATINGS 
 
A.1 Introduction 
Friction reduction is often required to lower the energy consumption and increase the 
lifetime of moving mechanical components.315 Liquid lubricants are often used to reduce friction 
and contact between surfaces. However, under extreme conditions such as elevated temperature 
and pressure, which is often experienced in aerospace or nuclear applications, the usage of these 
liquid lubricants is limited. Alternatively, solid lubricants such as molybdenum disulfide (MoS2) 
and boron nitride (BN) in the form of coatings have been adopted.316 Particularly, coatings, which 
can achieve very low friction coefficient (𝜇 » 0.01-0.001) are advantageous due to the potential 
impact on the economy and the environment. Such an ultra-low 𝜇 is known as superlubricity. For 
example, DLC exhibits superlubricity, when it runs against graphene.317 But, there are 
shortcomings of C-based coatings such as a-C and DLC at elevated temperatures (above 350 ˚C) 
due to the graphitization and oxidative degradation under tribological contact. Therefore, there is 
a need to find alternatives for high temperature tribological applications such as nuclear energy 
generation, combustion technology and contact surfaces of hypervelocity reentry vehicles. Such 
applications require mechanically durable coatings with high-temperature resistance (Tservice > 400 
˚C).318 One of the promising alternatives is ultra-high temperature ceramic (UHTCs) coatings 
.319,320 
Transition metal borides such as hafnium diboride (HfB2) are among UHTCs, and it has 
been shown to be a promising choice for the aforementioned applications.318 Transition metal 
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borides have unique tribological properties such as high melting point (Tm > 3000 ˚ C), high thermal 
conductivity and ultra-high hardness.321,322 This is due to the unique bonding of boron, which 
forms a strong hexagonal AlB2-type layered structure.323 Specifically, HfB2 thin solid films are 
shown to be an excellent protective friction and wear coatings in applications ranging from 
traditional tribological surfaces such as wear-resistant applications to conformal coatings for 
miniaturized systems such as microelectromechanical systems, cutting tools and packaging 
components.126,324 This is due to the unique properties of HfB2 such as high modulus and hardness, 
highly dense structure, oxidation resistance and low wear.  
Tribological thin films based on hafnium and boron are deposited using different methods 
such as sputtering,325 chemical vapor deposition (CVD)326 and pulsed laser deposition.327 
Particularly, thin films deposited by the CVD method have the advantage of achieving high 
conformality. The cold wall CVD approach has been shown to be a versatile deposition method to 
achieve stoichiometric and pure HfB2 using a single source precursor, Hf(BH4)4.326 In addition, 
HfB2 nanoscale thin films with improved tribological properties were developed by incorporating 
nitrogen and carbon on the coatings.73,328 In the specific case of carbon containing variants of 
hafnium and boron based nanoscale thin films (HfBxCy), the films have high hardness, low friction 
coefficient with excellent conformality attributes and inherently superior high temperature 
resistance (up to 3250 C°).329 The annealed HfBxCy films in particular were found to exhibit very 
high hardness and shear strength rendering them feasible for very demanding tribological 
applications.  
 
From the film growth physicochemistry perspective, the comparison of standard condition 
formation enthalpies for HfB2 (~106.6 kJ/mol),330 HfC (~209.4 kJ/mol),331 and B4C (~62.7 
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kJ/mol)332 and the phase diagrams for these systems would indicate that the balance of the localized 
formation reactions during deposition would shift to the B4C side, whenever there is no depletion 
of boron or carbon in the aggregate. Since, hafnium systems require higher formation enthalpies 
and their stoichiometric compounds provide the path of least resistance among possible synthesis 
routes, the likelihood of bond forming probabilistic random encounters would be the highest for 
the boron-carbon pairs during the growth of the aggregate.333,334 Conversely, the lower carbon 
contents would have a higher tendency to undergo suppressed diffusion-governed kinetics, namely 
formation reactions of B4C and its non-stoichiometric variants, since higher hafnium and boron 
fractions would favor the kinetics leading to higher encounter rate for hafnium-boron or hafnium-
carbon pairs with inherently larger enthalpies for resulting compounds.  Based on these 
considerations, it can be hypothesized that the effective properties of the HfBxCy film would not 
only depend on the absolute amounts of hafnium, boron and carbon atoms, but also on their 
respective ratios.  
The primary intent herein is to formulate a predictive framework based on a quantitative 
experimental characterization of the mechanical and tribological properties of carbon containing 
variants of hafnium and boron-based nanoscale thin films, as a function of constituent 
compositions. This can lead to thorough mechanical/tribological optimization schemes for 
composition dependent properties of these thin films, which is of paramount importance for 
durable coatings. Specifically, the correlation between intermixed phases of stoichiometric and 
non-stoichiometric binary compounds of hafnium, boron, and carbon within the thin film 
aggregate and their mechanical response is essential for understanding the deposition kinetics 
related evolution of the film so that potential optimization avenues can be identified. It should be 
mentioned that in our analysis, we deliberately made the choice of taking only the stoichiometric 
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compounds into account. This choice is supported by two arguments: First, the phase diagrams for 
binary Hf-B, Hf-C and B-C systems indicate that the stoichiometric compounds indeed represent 
the most energy efficient synthesis routes. Second, from the mechanical point of view, the widest 
range of possible elastic constants can be covered if stoichiometric compounds are taken as the 
limit values for the accompanying analysis. Furthermore, the nanostructural effects due to 
nanoporosity represent an unexplored research frontier, where the optimum film behavior is 
intertwined with growth kinetics during deposition and resulting micro-/nanostructural 
characteristics determining mechanical and tribological properties.  
To date, no descriptive framework or model has been suggested for the ternary nanofilms 
such as HfBxCy to link the atomic fractions of constituent species to quasi-equilibrium cluster 
distributions of stoichiometric HfB2, HfC, and B4C nanophases and their impact on global thin 
film characteristics. To generate adequate experimental data for the formulation of the modeling 
framework, we measured the contact mechanical and tribological responses of these thin films 
through high fidelity nanoindentation and nanoscratch techniques. Subsequently, we compare the 
experimental data with reaction kinetic theoretical estimates generated by taking all possible 
stoichiometric compounds within the aggregate into account. This effort provides a predictive 
analytical framework model for design and optimization of HfBxCy hard thin films for 
technologically important applications. 
A.2 Methods 
A.2.1 Synthesis 
A modification of common CVD methods, the cold wall CVD enables wafer-level 
fabrication of HfBxCy thin films with nanoscale thickness. This particular modification capitalizes 
on the versatility of vapor-based deposition methods implemented for other nanoscale hard thin 
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film materials and provides superior conformality due to optimized control of thin film growth 
kinetics, unique to the combination of precursor material and carbon source selected for the 
HfBxCy system. Deposition conditions corresponding to a temperature range of 250–600 °C and 
regulated flux of a non-halogenated precursor and olefinic carbon source, 3,3-dimethyl-1-butene 
(DMB), provide a step coverage above 90% at a depth to width ratio of 30:1 in a deep trench.73 
Increasing the carbon source (DMB) pressure yielded thin films with higher carbon contents. The 
carbon content was found to influence the mechanical and tribological properties. Therefore, 
HfBxCy thin films with different carbon concentration of 5-35 at.% were deposited. After annealing 
for an hour at 700°C, the transition from amorphous to nanocrystalline grain structure is expected 
to take place.  
A.2.2 Nanoindentation 
The mechanical properties were measured using a commercial indenter, TI 950 (Bruker, 
Minneapolis, US), and the experiments were carried out using load-control mode. Due to the small 
thickness of the films, a sharp cube corner probe was used (tip radius ~ 40 nm). For all experiments, 
5 s time periods for loading and unloading and 2 s dwell time at maximum nanoindentation load 
were used. The hardness (H) and reduced elastic modulus (Er) were obtained from the first one-
third of the unloading curve according to the Oliver and Pharr method.64 The indenter probe was 
calibrated using a standard fused quartz (FQ) sample. 
A.2.3 Nanoscratch 
The nanoscratch experiments were carried out using the same commercial indenter to study 
the nanotribological and nanofriction behavior of HfBxCy. A conospherical probe with a tip radius 
of ~ 870 nm was used. Scratch experiments were performed under various constant normal loads 
of 100, 200, 350 and 500 µN similar to previous studies to allow comparison of performance.335 
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The scratch length was kept to 6 µm. At the end of each scratch experiment, a height scan was 
performed using the same tip to measure the residual scratch depth. The coefficient of friction (𝜇) 
is recorded for each experiment by dividing the lateral load over the normal load. Also, the elastic 
recovery (ER) is defined as the ratio of residual penetration depth divided by the maximum 
penetration depth and multiplied by 100. In addition, multiple-pass scratch experiments were 
performed on the HfBxCy coating as shown in the schematic of Figure 9.1. 
 
 
Figure A.1 Schematic for the multiple-pass scratch experiments on HfBxCy coating. The tip 
was moved back and forth.   
 
A.2.4 Analytical framework model 
During the CVD process, the equilibrium distribution of species deposited on the Si 
substrate experience a competition between energetically favorable formation reactions such that 
the growth of stable stoichiometric HfB2, HfC, B4C nanophases and their metastable non-
stoichiometric derivatives. It would be confined to certain clusters and directions governed by 
atomic diffusion and nucleation kinetics.336 This non-ergodic competition between surface-
confined diffusion and atomic intermixing dominated nucleation mechanisms control the type and 
fraction of nanophases present within the growing film, which, in turn, determine the effective 
film properties. The cold wall CVD method enables nanoscale HfBxCy thin films within a 
deposition temperature range of 250-600˚C. Shown in Figure 9.2 is a representative schematic of 
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quasi-equilibrium cluster distributions of stoichiometric HfB2, HfC, and B4C nanophases and their 
non-stoichiometric variants. Conversion of amorphous clusters into nanocrystalline grains and 
increase in the overall stoichiometric content of the aggregate occur after annealing at 700˚C. 
In this work, the semi-empirical framework was formulated by considering the two 
extremes: Diffusion controlled growth (that maximizes HfC) vs. nucleation controlled growth (that 
maximizes B4C). We used the experimental nanoindentation data to verify the framework and 
predict which scenario dominates for different samples, as the amount of carbon increases. Once 
this was done, we were able to calculate the Young's modulus, yield strength, Poisson's ratio, and 
adhesive and shear strengths. The measured properties provided a better insight into the 
mechanical underpinnings of the tribological behavior of HfBxCy thin films.  
 
 
Figure A.2 Schematic of quasi-equilibrium cluster distributions of stoichiometric HfB2, HfC, 
and B4C nanophases and their non-stoichiometric variants. 
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A fundamental assumption of the proposed framework is that the annealing temperature 
would drive the thin film closer to the meta-stable and equilibrium phases via internal stress 
increase and grain boundary diffusion. Therefore, it is assumed herein that the annealed samples 
would have predominantly stoichiometric phases. Indeed, annealing treatment was found to bring 
Ti1-xSixCyN1-y system, closer to stoichiometric distribution. A similar trend was observed for 
molybdenum nitride thin films, which are another ultra-high melting point ceramics categorically. 
Therefore, phase transformations and metastable and equilibrium phase formations at similar 
annealing temperature ranges as the HfBxCy thin films were observed.337 
Figure 9.3a shows a schematic explaining how the mechanical properties are obtained 
using the semi-empirical framework for HfBxCy thin films. For example, sample 1 has 28 Hf, 56 
B and 5 C atomic weights (at.%). To follow the first scenario, which would maximize the HfC 
phase, all C will be used to form the HfC phase first. The rest of the Hf will participate in HfB2 
and the extra boron will remain in elemental form. This distribution of atomic weights into 
different phases is used to calculate the weight and volume fractions of each phase. The elastic 
constants, atomic weight (wt.) and density (𝜌) of each element/compound are reported in the 
literature and provided herein in Table 9.1. With the knowledge of elastic constants and volume 
fractions, the Voigt model can be used to obtain the elastic modulus, shear modulus, and 
Poisson's ratio of the aggregate. The Pal model is used to correct for porosity in the thin films, 
which was found to predict well the mechanical properties for nanoporous thin film 
structures.338,339 Last, the reduced modulus of elasticity (Er) is found for the material combination 
of the tip and the sample. It is defined based on the known elastic modulus of both the diamond 
indenter (Ei) and the sample (Es), and the Poisson’s ratio for the indenter (νi) and sample (νs). The 
Es and νi are reported for diamond probes in the literature (Es= 1140 GPa and νi= 0.07). Er is used 
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to verify the framework with the experimental measurements, which are obtained from 
nanoindentation. A schematic for the second scenario is provided as well in Figure 9.3b. 











HfB2 311 584 243 200.11 10.50 
HfC 340 498 278 190.50 12.20 
B4C 341 460 196 55.26 2.52 
B 342 460 202 10.81 2.37 
Hf 343 163 52 178.49 13.20 
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Figure A.3 Schematic for the semi-empirical mixing framework using (a) the first scenario 
(maximizing HfC), and (b) the second scenario (maximizing B4C).  
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A.3 Results & Discussion 
A.3.1 Nanomechanical Properties 
The nanoindentation measurements are reported in Table 9.2, and were kept within 10-
15% of the film thickness to avoid substrate effects. The reduced modulus and hardness are 
extracted from the measured nanoindentation data according to the Oliver-Pharr method. 
Nanoindentation tests revealed that for the low temperature (i.e., 250-300°C) deposited HfBxCy 
thin films, hardness and reduced modulus decrease almost linearly with increasing carbon content 
from 5 at.% to 21 at.%. The highest values were measured for 5% C containing films, which had 
a hardness of 34 GPa and reduced modulus of 250 GPa. The nanoindentation data shows a jump 
in the mechanical properties for thin films with carbon contents higher than 21 at.%. This is due 
to the higher density for the films due to the higher temperature growth of 600 °C.  
 
Table A.2 Nanomechanical properties of HfBxCy thin films measured using nanoindentation. 
 
Sample 
Composition of thin films 
Film thickness (nm) Er (GPa) H (GPa) 
C (at.%) B (at.%) Hf (at.%) 
A 5 62 33 200 247.7±8.5 33.8±1.8 
B 8 59 33 180 226.8±8.2 28.1±1.2 
C 15 49 36 180 184.4±4.5 21.9±0.6 
D 21 46 33 150 157.2±7.1 16.7±0.4 
E 28 38 34 200 196.0±4.0 23.4±1.2 
F 35 33 32 260 187.6±3.3 19.5±0.7 
 
In the next step, the reduced modulus is computed using the proposed semi-empirical 
framework, which was explained in Figure 9.3. Figure 9.4a-b provides a comparison between the 
computed reduced modulus for each scenario using the framework and the measured reduced 
modulus obtained by the nanoindentation experiments, for each sample. The modeled results were 
corrected for a wide range of porosity (𝜙 = 5-20%). 
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Maximizing HfC resulted in good agreement with the experimental nanoindentation data 
for low carbon content (C ≤ 8 at.%), while the assumption of maximizing B4C matched well the 
higher carbon content samples (C ≥ 8 at.%). That is, the experimental data agrees with the 
diffusion-controlled scenario for low C content and with the nucleation-controlled scenario at 
higher C content. To shed light on the growth kinetics of these thin films and their mechanical 
properties in Figure 9.4, the percentage of all possible five stoichiometric phases, which are 
anticipated to be in this aggregate, are monitored as a function of carbon content in Figure 9.5. For 
zero carbon content (not shown here), HfB2 will be 100%. HfB2 drops fast reaching zero at C=15 
at.% as the formation of carbides dominates. The presence of B in elemental form is low for all 
samples, and the elemental Hf increase up to C=15 at.%. Then, the presence of Hf element 




Figure A.4 Computed reduced modulus using the semi-empirical framework for the scenarios 
of maximizing (a) HFC and (b) B4C, and comparison with the nanoindentation results.  
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Figure A.4 Continued. 	
 
 
Figure A.5 Modeled results of phase percentages, which are made of different compounds/ 
elements in the aggregate as a function of carbon content based on their volume fractions. 
 
Figure 9.6 shows a combination of both scenarios, where diffusion-controlled mode (max 
HfC) dominates at low carbon content and nucleation-controlled mode (max B4C) at higher carbon 
content. The range of porosity is restricted to 5-10%, because it was found to best fit the 
experimental data. For the rest of the study, the diffusion-controlled mode is used to calculate the 
properties for films with carbon content less than 10%. Alternatively, the nucleation-controlled 
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mode is chosen. After the framework was verified via comparisons with the nanoindentation 
experiments, its predictive capability was established, granting further optimization capabilities 
for improved nanomechanical and tribological properties through compositional control. In 
addition, the framework can be utilized to find other properties of interest such as Young modulus 
(E), Poisson's ratio and yield strength (Ys). The Poisson's ratio is calculated according to Figure 
9.3 using the Voigt model and porosity corrected Pal method. The yield strength is calculated 
based on the assumption of elastic-perfectly plastic response. The hardness (H), yield strength and 
Young modulus are related based on the work of Johnson as shown in Equation 1.344 Parameter 𝛽 
is the half angle of the tip, and equals 35.26° for an ultra-sharp cube corner probe.  
 𝐻𝑌𝑠 = 23 [1 + ln(13 𝐸𝑌𝑠 tan𝛽)] (1) 
 
 
Figure A.6 Er for HfBxCy thin films with different compositions computed and measured 
using the framework and nanoindentation experiments.	
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The calculation of both Poisson’s ratio and yield strength provides a more complete picture 
of the mechanical behavior of these thin films. Typically, the extraction of these properties is not 
a straightforward calculation using experimental nanoindentation data, as it involves fittings using 
analytical models or finite element analysis. Figure 9.7a-b shows the Poisson's ratio and yield 
strength, which were obtained using the proposed modeling framework. The Poisson's ratio varies 
from 0.334 to 0.087 for thin films with 5% nanoporosity. The aggregates with carbon content of 
15 and 35 at.% show the highest and lowest Poisson's ratio, receptively. These two thin films are 
expected to have different mechanical behavior under deformation due to the large difference in 
Poisson's ratio. The yield strength shows a fluctuating trend, with decreasing trend for thin films 
with carbon content from 5% to 35%. The reason for these non-uniform changes in the yield 
strength is attributed to the dependence on both hardness and elastic modulus. 
 
 
Figure A.7 Poisson's ratio and Yield Strength computed using the semi-empirical framework 
as a function of carbon content. 
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Figure A.7 Continued. 
	
A.3.2 Nanoscratch experiments 
Based on the findings of Figure 9.6 and Figure 9.7, the thin films with carbon content of 5, 
15 and 35 at.% were chosen for detailed nanotribological experiments, using nanoscratch. The 
friction coefficient (𝜇) and elastic recovery (ER) were extracted from the scratch experiments and 
they are provided in Figure 9.8. The scratch behavior was found to be different for each of the 
three films. The hardest/stiffest coating (5 at.% carbon content) showed an increasing trend for 𝜇 
as normal load increases, and it maintained a high and stable elastic recovery.  For the thin film 
with 15 at.% carbon content, which had the lowest Er and H, the average 𝜇 was the highest. 
However, it had the highest elastic recovery. On the other hand, the thin film with 35 at.% carbon 
content showed the lowest 𝜇 and ER. The friction coefficient of this thin film approached the 
superlubricity regime (𝜇 ≤ 0.05), but it suffered from a decreasing low elastic recovery with 
increasing normal load. The ultra-low friction coefficient is due the dominant presence of boron 
and hafnium carbides in the composition of aggregate (see Figure 9.5), which are known to have 
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such ultralow friction behavior.345,346 Particularly, the results of the thin film with carbon contents 
of 5 and 35 at.% showed a lower 𝜇 as compared to the 𝜇 of HfB2 thin films, reported in.335  
 
 
Figure A.8 (a) Friction coefficient an (b) elastic recovery of different HfBxCy thin films as a 
function of normal load obtained from nanoscratch experiments.  
 
A.3.3 Nanotribological Properties  
To elucidate the tribological behavior of these films, further analysis is conducted and used 
to guide the optimization efforts of the HfBxCy thin films to achieve the best tribological behavior. 
It starts with establishing a theoretical relationship between different parameters such as scratch 
displacement, nanoindentation hardness, modulus and maximum applied load.  The goal of this 
analysis is to calculate the contact depth, area and pressure during scratch experiments in order to 
evaluate the deconvoluted scratch resistance of the thin films.    
Equation 2 decomposes the maximum scratch displacement (ℎD) into the sum of both 
contact depth (ℎ-) and elastic surface displacement (ℎ@), which is defined in Equation 5. The ℎ@  
measures how far the surface is displaced at the perimeter of the contact.347 Equation 3 defines the 
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elastic recovery resistance (𝑅@) as a function of hardness and reduced modulus. Also, 𝑅@ can be 
defined in terms of the maximum contact load (𝐹{) and ℎ@ as in Equation 4. The elastic recovery 
is an indication of the dissipated energy during the scratch experiments.  
 ℎD = ℎ- + ℎ@ (2) 𝑅@ = 2.263𝐸<+𝐻  (3) 𝑅@ = 𝐹{ℎ@+  (4) 
 
Therefore, Equation 4 can be rearranged to compute ℎ@	 (See Equation 5). Since ℎD is 
measured from the experiment, ℎ- can be found from Equation 2. Equations 6 and 7 define the 
contact area and pressure.  
 
ℎ@ = 𝐹{𝐻2.263×𝐸<+ 5 + (5) 𝐴- = ((2𝑅ℎ-) − ℎ-+)5 + (6) 𝑃 = 	 𝐹𝑁𝜋(𝐴}+) (7) 
 
 
Nanoscratch properties of HfBxCy thin films are provided in Tables 9.3, 9.4 and 9.5 for 
different carbon content values. hm, hs, hc and 𝐴- were found to increase with increasing normal 
load. The numbers in the parentheses indicate which equation is used to calculate each property. 
P is the maximum contact pressure, which was experienced by the film under deformation. The 
ratio of Q~@ provides an indication of the extent of yielding zone. The HfBxCy film (5% carbon 
content) experienced the highest contact pressure close to yielding (see Table 9.3). Since the thin 
film had the highest Er and H, the contact area was smaller than the other films especially at low 
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scratch normal loads. This resulted in a higher contact pressure. In addition, with increasing normal 
loads, the contact pressure dropped for this thin film compared to the other two films in Tables 9.4 
and 9.5 where the contact pressure increased with increasing normal load.	OT is typically used as a 
metric to assess the scratch/ wear resistance for ultra-hard coatings,348 and is known as the plastic 
resistance parameter. The higher the value, the more elastic is the behavior of the film under 
contact. Thin films with OT ≥	0.235 largely exhibit elastic behavior. Otherwise, they exhibit a 
fairly plastic behavior.349 The data are again provided as a range for thin films with porosities of 
5% and 10% for Q~@, OT and Q~@ OT since 𝑌𝑠 and	𝐸 were calculated using the semi-empirical 
framework. The H is extracted from the nanoindentation experiments while FN, 𝜇 and hm were 
measured using the scratch data. 
 
Table A.3 Nanoscratch properties of HfBxCy thin films (carbon content = 5%). 
FN 
(𝜇N) 𝜇 hm (nm) hc(2) (nm) hs(5) (nm) 𝐴- (6)  (nm2) P(7)  (GPa) 𝑃𝑌𝑠 OT   (GPa) 
𝑃𝑌𝑠 𝐻)𝐸+  
(GPa-1) 
100 0.08 5.80 0.86 4.93 38.73 21.22 0.75-0.90 0.39-0.54 1.39-2.31 
200 0.12 8.92 1.94 6.98 58.07 18.88 0.67-0.80 0.39-0.54 1.24-2.05 
350 0.13 13.81 4.58 9.23 89.14 14.02 0.50-0.59 0.39-0.54 0.93-1.52 
500 0.14 17.09 6.06 11.03 102.53 15.14 0.54-0.64 0.39-0.54 1.00-1.64 
 
Table A.4 Nanoscratch properties of HfBxCy thin films (carbon content = 15%). 
FN 
(𝜇N) 𝜇 hm  (nm) hc(2) (nm) hs(5) (nm) 𝐴- (6)  (nm2) P(7)  (GPa) 𝑃𝑌𝑠 OT   (GPa) 
𝑃𝑌𝑠 𝐻)𝐸+  
(GPa-1) 
100 0.11 9.23 3.89 5.33 82.20 4.71 0.20-0.27 0.34-0.47 0.43-0.78 
200 0.13 15.30 7.75 7.54 115.90 4.74 0.21-0.27 0.34-0.47 0.45-0.79 
350 0.13 22.53 12.54 9.98 147.21 5.14 0.22-0.29 0.34-0.47 0.47-0.86 
500 0.12 25.00 13.07 11.93 150.25 7.05 0.31-0.40 0.34-0.47 0.66-1.17 
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Table A.5 Nanoscratch properties of HfBxCy thin films (carbon content = 35%). 
FN 
(𝜇N) 𝜇 hm  (nm) hc(2) (nm) hs(5) (nm) 𝐴- (6)  (nm2) P(7)  (GPa) 𝑃𝑌𝑠 OT   (GPa) 
𝑃𝑌𝑠 𝐻)𝐸+  
(GPa-1) 
100 0.07 10.55 5.61 4.95 98.61 3.27 0.27-0.30 0.12-0.17 1.59-2.47 
200 0.10 17.21 10.22 7.00 132.93 3.60 0.29-0.33 0.12-0.17 1.71-2.72 
350 0.10 26.72 17.46 9.26 173.44 3.70 0.30-0.34 0.12-0.17 1.77-2.79 
500 0.09 30.78 19.72 11.06 184.17 4.69 0.38-0.42 0.12-0.17 2.24-3.54 
 
Another useful parameter underlying the tribological behavior is the normalized ER, which 
is defined as the multiplication of Q~@ and ER. It suggests an interesting way to compare the three 
thin films with different C content when it comes to the transition from elastic response to plastic 
response. Furthermore, it shows how the film behaves under increasing scratch normal loads. 
Figure 9.9 shows the average normalized ER versus the average OT. The average Poisson's ratio 
for each data cluster is provided in this figure, because it provides additional insights about the 
deformation behavior of these films under contact.  
Based on Figure 9.9, the HfBxCy thin films’ response can be divided into two categories, 
elastic or plastic behavior dominated. The arrows illustrate how the average normalized ER 
changes with increasing contact load. Even though the thin film with carbon content of 35 at.% 
had the lowest friction coefficient approaching the superlubricity regime, it had the lowest OT and 
normalized ER. Thus, it is expected to experience more plastic deformation compared to the other 
HfBxCy thin films. Furthermore, the very low ν for this film indicates lower transverse film rigidity 
providing more free volume under contact. Thus, it was easier to be compressed than sheared, 
which could result in the growth of sub-surface cracks at high contact loads.  
On the other hand, the HfBxCy thin films with higher ν resisted compression and favored 
shear. Thus, they had higher normalized ER. Particularly the thin film with carbon content of 15 
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at.% had a high ν of 0.32. Therefore, it demonstrated an increasing normalized ER with increasing 
scratch normal loads (see arrows). On the other hand, the normalized ER dropped fast for the thin 
film with carbon content of 5 at.% once the load was increased. This explains the elastic recovery 
behavior, which is shown in Figure 9.9 for the three films.  
 
	
Figure A.9 Average normalized ER versus average OT for HfBxCy thin films. 	
 
To evaluate the durability of these thin films, multiple scratch experiments were carried 
out over the same area. Figure 9.10 a-b show the friction coefficient and contact depth as a function 
of number of passes or cycles. The three films maintained fairly constant friction coefficient after 
the first few cycles with 𝜇	 ≤ 0.1. This is an improved performance, as compared to annealed HfB2 
which showed an increasing trend in the friction coefficient in a previous study under the same 
experimental conditions.65 Particularly, the HfBxCy thin film (35 at.% carbon content) maintained 
the lowest friction coefficient of about 0.05. But, it experienced pronounced plastic response as 
the contact depth increased faster, after the tenth cycle.  
Alternatively, the HfBxCy thin film (15 at.% carbon content) experienced the highest 
friction coefficient among the three films, but it maintained the lowest contact depth and highly 
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elastic response. The HfBxCy thin film (5 at.% carbon content) exhibited an average performance 
of both films with an elastic-plastic behavior. The HfBxCy thin film with 5 at.% carbon content 
exhibited lower contact depths than the HfBxCy thin film with 15 at.% carbon content in the first 
few passes due to the slightly higher resistance to plasticity, OT. However, due to increasing 
normalized ER trend with increasing number of passes and the highest ν among these films, the 
HfBxCy thin film with 15 at.% carbon content managed to keep the contact depth lowest after many 
passes. Note that a lower elastic modulus and higher ν will lead to more compliant elastic response, 
which in general would enable a thin film’s better accommodation of superficial strains.350 Even 
though, the E and H for the thin film with carbon content of 15 at.% is much lower than the one 
with carbon content of 5 at.%, their OT ratios are fairly close. This finding indicates that having 
higher H and Er is not always advantageous for hard protective coatings. The plastic resistance 
parameter is clearly more useful. In addition, the elastic parameters such as Poisson's ratio can be 
significant as well to achieve a high scratch/wear resistance.  
 
 
Figure A.10 (a) Friction coefficient and (b) contact depth as a function of the number of 
scratch passes using nanoscratch experiments. 
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Figure A.10 Continued. 
 
To summarize, Table 9.6 provides a comparison between HfBxCy thin films and different 
hard coatings, which have been used in tribological applications. At room temperature, diamond-
like coating (DLC) is the best candidate as a protective coating, because it has the highest H/E and  
OT and the lowest 𝜇. However, if the need arises to have excellent tribological coatings for high 
temperature applications, such as nuclear reactor contact surfaces or advanced engine systems, 
conventional coating solutions exhibit major shortcomings. Diamond will graphitize above 350 ℃, and the service temperature for other carbon-based coatings such as DLC and amorphous 
carbon (a-C) are limited to 400-600 ℃, as shown in Table 9.6. Transition metal borides such as 
hafnium diboride with carbon alloying has the potential for use in high temperature tribological 
applications. Hafnium diboride belongs to the UHTCs and has shown enhanced resistance to 
oxidation up to 1600 °C.351 In addition, HfBxCy thin films achieved very high conformality. This 
is especially important for aerospace applications, because it would be possible to deposit coatings 
with innate compatibility with aerodynamic shapes. The HfBxCy films with carbon content of 5-15 
at.% were revealed to be the most tribologically promising candidates.  
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Table A.6: Comparison of HfBxCy with other hard tribological coatings. 
 















t (nm) 274 250 170 300 150 200 180 260 
H/E 0.123 0.163 0.076 0.037 0.091 0.11-0.13 0.12-0.15 0.08-0.09 
H3/E2 
(GPa)a 










0.08-0.14 0.10 -0.13 0.05-0.09 
Tc (℃) 600 ≤400 >1000 <600 >1000 >1000 >1000 >1000 
aH3/E2 =1.0 for diamond, bExperiments done at RT and in air 
cMaximum service temperature 
	
A.4 Conclusion 
High aspect ratio conformal HfBxCy coatings were grown using low-temperature CVD. 
The aggregates were annealed at a temperature of 700 ℃. Once annealed, depending on the C and 
B content, different compositions of HfB2, HfC, B4C, B and Hf were expected to be present in the 
film. The composition of these phases had a strong influence on the mechanical and tribological 
properties. The compositional evolution was controlled by the growth conditions and kinetics. To 
predict the mechanical and tribological behavior, a semi-empirical framework was developed 
herein. The modeling framework was verified using instrumented nanoindentation experimental 
data and exhibited excellent match with the experiments. Furthermore, scratch experiments 
revealed that HfBxCy thin films could attain very low coefficient of friction values, approaching 
the super lubricity regime (i.e., less than 0.05 in dry conditions) for the 35 at.% carbon content. 
The effective reduction in the 𝜇 without major sacrifice in mechanical properties was a critical 
attribute of these films. Mechanically and tribologically DLC appeared to be the main competitor 
for HfBxCy at room and low temperature conditions, whereas for elevated temperatures beyond 
600°C, HfBxCy will be superior to many existing coating solutions considering its anticipated low 
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reactivity in air. Carbon-based HfBxCy thin films can be used for transformative technological 
applications in several strategic fields, such as high temperature protective tribological coatings, 
wear and scratch resistant thermal shields, and diffusion barriers in the microelectronic, nuclear 
and aerospace industries. 
 
	
